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Chapter 1 General Introduction
1.1 Polycrystalline and nanocrystalline materials

Most metallic materials are polycrystalline and crystallites with different crystallographic
orientations are consolidated in polycrystalline (p-, here after) materials. The size of the crystallites
(grain size) in prmetals is typically larger than ~1 pm. At the interfaces between two adjacent
crystallites in p-materials, the atoms lost the long-range periodic order in order to accommodate the
misfit between the crystallites with different orientation. These types of interfaces are called “grain
boundaries” (Fig. 1-1). The segment shared by three crystallites is a “triple junction”. The thickness
of grain boundary in p-metals is believed to be a few atomic distance [1]. In p-materials, the volume
fraction of grain boundaries is negligible small (see Fig. 1-1). Except for several phenomena such as
the grain boundary segregation and grain boundary corrosion, the role of grain boundaries on the
macroscopic properties can be ignored because of the negligible small amount. When the grain size
decreases, the volume fraction of grain boundaries as well as the triple junctions increase and go
beyond a few percent at the grain size below 100 nm as shown in Fig. 1-1. It is expected that the
effect of the grain boundaries is reflected on the macroscopic properties such as the fine-grained
p-materials. Hence p-materials with the grain size of below ~100 nm are called nanocrystalline (-,
here after) materials [2, 3] and are expected to show characteristic properties different from

p-counterparts. .
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Fig. 1-1. Change in volume fraction of grain boundaries and triple junctions as a function of
grain size. The volume fraction is calculated by space-filling of tetrakaidecahedra grains with a
grain boundary thickness of 1 nm (thick lines). In the plot, the dotted lines show the results by

changing the grain boundary thicknesses from 0.9 nm to 0.5 nm in increments of 0.1 nm [2].



Remarkable scientific works on mmaterials were studied by Gleiter and the concept and
properties of mmaterials were originally published in 1989 [4]. The two-dimensional model of
n-materials proposed by Gleiter is shown in Fig. 1-2. Many attentions have been attracted to
mmaterials because of various novel properties different from those of p-materials. For example, in
the case of p-metals, the most prominent and technologically important feature is the increase in
strength with reducing the grain size. This behavior is known as the Hall-Petch relation. The
strength and hardness much higher than those of the p-counterparts were reported for n-metals
[5-7]. However, when the grain size decreased to less than ~15 nm, the increase of strength of
n-metals showed saturation or even decreased as shown in Fig. 1-3. This phenomenon is called the
“Inverse Hall-Petch effect”. In the dislocation pile-up model for strengthening [5], the population of
dislocations in grain decreases with decreasing the grain size, and the number of dislocations piled
up near the grain boundary is also decreased. Then the stress accumulation by the dislocation
pile-up is not enough for the forefront dislocation to overcome the grain boundary. By further
decrease in the grain size below ~15nm, the grain boundary cannot act as the barrier for the
dislocations and shear propagation becomes started; it leads to the saturation or even decrease in
the strength [8]. In addition to the mechanical properties, n-materials exhibit unique properties like

the high electrical restively, and so on.

Fig. 1-2. Atomic structure of n-material in two dimensional model. The structure
was computed by using the Morse potential of gold. Atoms in grain boundaries and

those crystalline parts are indicated by filled black and open circles, respectively [4].
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The plot suggests that the positive slope turns to zero or negative at the grain size of ~20 nm

[2].



1.2 Preparation methods of n-materials

The preparation methods of n-materials could be classified into two main types, top-down and
bottom-up methods [4, 5]. In the top-down method, bulk (coarse-grained) materials are broken down
to nanostructures. In the bottom-up method, mmaterials are prepared by unifying ultrafine
particles or building atoms and molecules with nanostructures[5]. The followings are typical

examples of the methods:

High-energy ball milling is a method to reduce the grain size by severe plastic deformation
induced by milling[5, 9]. Coarse-grained power samples are strongly milled by using hard balls and
the grain size decreases with the ball milling time. The bulk samples can be formed from
nanocrystalline powders by compaction. It is simple and easy, however, impurity contaminations
from the balls and vessel and residual porosity contained in compacted samples are drawbacks of
this method [10].

Severe plastic deformation (SPD) is a method to prepare bulk mmaterials or ultra-fine-grained
materials by severe plastic deformation [10]. The n-materials prepared by SPD often contain a large

amount of high angel grain boundaries [11, 12].

Crystallization amorphous solid by annealing can yield porosity-free n-materials [13]. The
prepared nanostructure could be controlled by the annealing condition but the formed nanotexture

1s restricted by the original amorphous materials. .

Electrodeposition is a method to prepare mmetal film on a substrate by electrochemical plating
[14]. By controlling the preparation conditions such as the potential and temperature, n-materials
of pure metals and alloys with the grain size as small as 20 nm can be prepared. The low cost and
high production rates are suitable for industrial application [5]. However, the process in the
solution may cause contamination by gases and surfactants. Lu et al. prepared n-Cu with the

unique nano-twined structure by the electrodeposition method in the adequate condition [15].

Inert gas condensation and compaction, in this method, nanoparticles prepared by the inert-gas
condensation are compacted to form a pellet of n-material. A mother material is evaporated in an
Inert-gas atmosphere and nanoparticles are formed by condensation of the vapor. The nanoparticles
are collected and then compacted to the pellet [4]. This method was widely used in the early stage of
studying nm-materials. It is difficult to obtain the fully dense m-materials by mechanical compaction

of nanoparticles and tiny pores and cracks were included in the compacted samples [5].



1.3 Grain boundary

As mentioned in section 1.1, n-materials show different properties compared with p-counterparts
because of the much increased volume fraction of the grain boundary regions. It is very important to
understand the behaviors of the grain boundaries to investigate the n-materials. In the case of
p-materials, crystal-like nature of the grain boundaries is suggested for some grain boundaries [16].
The grain boundaries in p-materials can be divided into two types from the misorientation angel
between neighboring two grains, low angle grain boundary (misorientation angel < ~15 degree) and
high angle grain boundary (misorientation angel > ~15 degree). The atom arrangement of the low
angle grain boundary can be explained by the dislocation model where the dislocations periodically
align along the grain boundary (the middle in Fig. 1-5). The atomic structure of the high angel grain
boundary was explained by the amorphous cement model in the early state [17], however,
contradicted issues were reported from the direct observations by scanning transmission electron
microscopy (STEM) [18, 19]. Recently, the structure of the high angle grain boundaries can also be

explained by periodic arrangements of structural units (structural unit model[20, 21]).

The grain boundary energy is a function of the misorientation angel. The grain boundaries with
higher misorientation angles are often structurally more disordered, but the energy is not always
lower for the grain boundaries with smaller misorientation angles. As shown in Fig. 1-4 [22], some
drops of the grain boundary energy are existed and the grain boundaries at these angles have
specific structures like the twin grain boundary. The sketches of the high angle grain boundary, low
angle grain boundary and twin grain boundary are shown in Fig. 1-5 [23]. Further, as mentioned
above, the atomic structures of some grain boundaries in p-materials show periodicity in the

structural units [20, 21].

Grain boundary energy {mJ."rnZ]

O
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Fig. 1-4. Change in grain boundary energy by misorentation angle. The energy of symmetric
tilt grain boundaries was calculated from atomistic computer simulations. The rotation axes
of tilt is <100> (blue), <110> (red) and <111> (green) direction. Open and closed circles
indicate the results for Al and Cu, respectively [22].



High-angle grain boundary Low-angle grain boundary Twin boundary

Fig. 1-5. Atomistic sketches of high-angle grain boundary (left), low-angle
grain boundary (middle) and twin boundary (right) [23].

The structure or state of grain boundary may depend on the size of the grains and preparation
condition [24]. By reducing the grain size, the grain boundary structure would be more complicated
because the grain boundaries accommodate the misfits not only the adjacent grains but also
neighboring ones. As a consequence, the grain boundaries in n-materials become more complicated
and unstable than those in p-materials. In addition, as described above, the m-materials are
prepared by various non-equilibrium methods. It results in the increase in the grain boundary
energy and more disordered state in the grain boundary regions, or formation of the grain boundary

in a “non-equilibrium” state [11, 12].

The atomic structure of grain boundary in mmaterials has not fully clarified yet. The direct
observation of the grain boundaries in n-materials could be achieved by TEM and STEM, however,
it is pointed out that a grain growth or relaxation are occurred during the sample preparation in
[25]. Computer simulation is a powerful technique to investigate the structure and stability of the
grain boundaries, provides useful and helpful information of the grain boundaries. From the
simulations of p-metals, the first-order transition of order-disorder in the grain boundaries below
melting point [26] and the reversible structural transformation in Cu £5(310) grain boundary [27]
were reported. Further, dynamics similar to those of glass-forming liquids was suggested for the
grain boundaries in p-metals [24]. For n-materials, the liquid-like state of grain boundaries was
reported for n-Si and n-metals from the molecular dynamics simulations [28-30]. Although the early
model of amorphous cement for high angle grain boundary was not suit for polycrystalline, it may
suit for n-materials as described from simulation [17]. Recently, the glass transition of grain
boundaries was suggested from the confocal optical microscope observation of colloidal crystals with
the diameter of 600 nm [31]. However, no experimental results have been reported to support the

amorphous state or glass-like characters of the grain boundaries in metals.

The properties of m-materials can be governed by the grain boundary structure. Controlling the

property by altering the grain boundary structure is named as “grain boundary engineering” [32].



Lu group reported that n-Cu with nanotwinned structure synthesized by pulsed electrodeposition
method exhibited ultrahigh strength (about 10 times higher than that of conventional Cu) and high
electrical conductivity [15]. The energetically stable twin boundary blocked the dislocation motion
effectively leading to the strengthening [23]. They also reported that the hardness of n-alloy in
Ni-Mo system was increased by grain boundary stabilization and Mo segregation [33].Therefore,
the study of grain boundaries of n-materials is very important to understand the noble properties of

mmaterials and to expand the application field of n-materials.



1.4 Research background

As mentioned in section 1.3, the direct observation of the grain boundaries in n-materials is very
difficult. On the other hand, the characteristic behaviors of the grain boundaries were indirectly

detected from various experiments.
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Fig. 1-6. (a) Steady-state creep rate observed for n-Au as a function of stress. The dash
line is theoretical value for n-Au with the mean grain size of 35 nm predicted by Coble’s
model at room temperature [40]. (b). In situ STM images of n-Au observed during creep
test at 150 MPa after 0.9 Ks, 10 Ks and 14 Ks [40]. (¢c) XRD patterns observed for n-Au
in as-prepared state and after creep deformation of 3% at 140 MPa [34]. (d). Model of
grain-boundary slips associated with grain rotations and anchoring due to crossing of
slips [34].



Yagi et al. [34] conducted the creep test for n-Au at room temperature. Fig. 1-6 (a) shows the creep
rate as a function of applied stress. When the applied stress above ~30 MPa, creep deformation
started. From ~200 MPa, the creep rate increased sharply. The increase of creep rate from ~150
MPa was attributed to the creep deformation caused by the grain boundary slips. The creep rate
that predicted from the coble model that used for the grain boundary diffusion in p-Au is depicted in
Fig. 1-6(a) [35]. Furthermore, Fig. 1-6 (b) shows the in-situ STM observation of n-Au during creep.
Some grains moved up from the surface then sunk to the surface level after 4 ks. During such
motion, the grains were still connected with each other and the n-structure was maintained. On the
other hand, the strongly (111) preferred orientation after deformation turned to the random
orientation, but no grain growth was observed (Fig. 1-6 (c)). These observations suggested that
above ~150 MPa, the grain boundaries become viscoelastic and the creep deformation progresses by

sliding of grains with rotational motion as shown in Fig. 1-6 (d).

The change in the grain boundary state by temperature was also reported from the internal
friction measurement (details will be discussed in Section 2.3.1). For internal friction due to the
grain boundary in p-metal, a pioneer work was conducted by Ké at 1947. He measured the internal
friction of p-Al and single crystalline Al. As shown in Fig. 1-7, an internal peak was observed in p-Al
at around 563 K but not in single crystal Al. The origin of this peak was attributed to the grain

boundary sliding motion, in other words, the viscous nature of the grain boundary [36].
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Fig. 1-7. Internal friction as a function of temperature

observed for polycrystalline and single crystal aluminum [36].

For n-Au, it was reported that the internal friction showed an anomalous large increase above
200 K (Qz2oox) as shown in Fig. 1-8 [37]. It was found that Q31,,x was repeatedly observed for
cool-down and warm-up below 350 K but the amount decreased with grain growth after heating
above 350 K. Furthermore, the Young’s modulus of n-Au decreased above ~200K [38]. These

observations suggested that some anelastic process of grain boundaries was thermally activated



above ~200 K in n-Au [39]. An endothermic tendency of m-Au compared with p-Au was reported
above ~200 K [40] and it disappeared after grain growth. These results indicate that the grain
boundaries of n-Au turned from elastic to anelastic or viscoelastic states above ~200 K. As
mentioned before, the state change or phase transformation in grain boundary was predicted from
the computer simulation [26, 41], however, the state change in the grain boundaries in z-metals has

not been established experimentally yet.

As mentioned before, the property and behavior of the grain boundary was varied by the
preparation condition. As shown in Fig. 1-8, n-Au prepared by the gas deposition method (see 2.1)
showed different internal friction spectra. In the figure, type-H was prepared at higher deposition
rate of the nanoparticles and type-L at lower deposition rate. This result indicated that the grain

boundary state is varied by the preparation condition.

. I ; I : 1

0 100 200 300
T (K)

Fig. 1-8. Temperature spectra of the internal friction observed

for type-L. m"Au (dashed lines, fiok=340 Hz) and type-H n-Au
(solid lines, fiok=400 Hz) [37]. For details, see text.
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1.5 Purpose

As mentioned above, if Q330x, the rapid increase in internal friction observed for n-Au above 200
K, reflects a state change in the grain boundaries from ideal elastic to anelastic or viscoelastic,
corresponding variations are also expected for other physical properties. For the state change in the
grain boundaries, the reversible structural transition by temperature was suggested from several
computer simulations. Further, amorphous nature or glass-like behavior of the grain boundaries
were also reported from the computer simulations. However, no experimental results have been
reported to support the amorphous state or glass-like characters of the grain boundaries in metals.
On the other hand, it was observed that two types of m-Au prepared by the gas-deposition method
with different deposition rate exhibited slightly different in textures, thermal stabilities and
anelastic properties. Therefore, the purpose of the present study is (1) to understand the behavior of
the grain boundaries in nmmetals below room temperature and (2) to clarify the effect of the
deposition rate on texture and grain boundary state of m-metals prepared by the gas deposition
method. Anelastic, electrical and thermal experimental measurements for different types of n-Au

and n-Ag will be conducted in this study.

This thesis is comprised of five chapters. In Chapter 1, a background of n-materials and previous
results of m-metals are explored. Chapter 2 shows the experimental methods used in the present
study. Chapter 3 is devoted to the observed experimental results. In Chapter 4, the glass transition
like behavior of grain boundary and the effect of the deposition rate on texture and various
properties are discussed from the experimental results. Finally, the conclusion is presented in

Chapter 5.
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Chapter 2 Experimental procedures

2.1 Gas deposition method

N-materials can be fabricated by various methods as introduced in Chapter 1. For studying the
intrinsic properties of grain boundary of nanocrystalline, it is necessary to fabricate the n-sample
with high purity and high density. In the present study, n-samples with high density and high
purity were prepared by gas deposition method. Details of gas deposition apparatus will be

illustrated below.

2.1.1 Gas deposition apparatus

The schematic figure of gas deposition apparatus is shown in Fig. 2-1. The gas deposition
apparatus is mainly consisted of a deposition chamber, an evaporation chamber, a He gas
purification system, and an evacuation system. The deposition and evaporation chambers are

connected by a thin tube (transfer tube).

Before the sample preparation, the two chambers were evacuated to a high vacuum (<10 torr) by
using a turbomolecular pump (TMP) over 10 hours to eliminate residual gases. In addition, the
transfer tube and carbon crucible in evaporation chamber were heated in vacuum. In the gas
deposition method, the ultrafine metal nanoparticles are prepared in the helium atmosphere and
the nanoparticles are deposited on a substrate by using helium gas jet flow. To avoid the oxidation
and contamination of the nanoparticles, the high purity helium gas was circulated by using the gas
purification system. The gas purification system is composed of a physical absorption column (filled
with molecular sieves cooled at liquid nitrogen temperature) and a chemical absorption pump
(SORB-AC® Cartridge Pump with St 101 getter alloy, SAES Getters). The purity of He gas was
monitored by a zirconia oxygen analyzer (Toray), and the oxygen concentration is kept below 0.01
ppm (the purity of He gas is regarded as more than 99.9999%) during the sample preparation. The

collected He gas was compressed at ~ 5 atm and then purified.

After the oxygen concentration in He gas became less than 0.01 ppm, the fabrication process of
n-metals was started. During the fabrication process, the helium pressure of the deposition
chamber was maintained at ~0.1 kPa by using a mechanical booster pump (MBP) and a rotary
pump. The helium pressure in the evaporation chamber was maintained at ~66.7 kPa by using a
rotary pump. In the evaporation chamber, a base metal of gold (99.9999% purity) or silver
(99.99999% purity) in a carbon crucible was heated up to high temperature by a high frequency
induction heater and metal nanoparticles were formed just above the crucible (similar to inert-gas
condensation method). The lower end of the transfer tube was located about 2.5 cm above the

crucible and a helium gas jet flow 1s formed by the pressure difference between the evaporation

12



chamber (~66.7 kPa) and the deposition chamber (~0.1 kPa). Most of the metal nanoparticles were
sucked into the transfer tube and then transferred to the deposition chamber by the helium gas jet
flow. Residual nanoparticles which were not sucked into the transfer are eliminated by the
exhausting helium gas flow to the rotary pump. The upper end of the transfer tube was located
about 2-3 mm below a glass substrate (0.2 mm thick) in the deposition chamber and the metal
nanoparticles transferred from the evaporation chamber were directly deposited on the substrate.
The glass substrate was set on a computer-controlled X-Y stage made of copper and we can draw a
desired figure by the metal nanoparticles within 25X25 mm? square. The temperature of the
helium gas above the crucible was considerably high and the transfer tube was also heated to avoid
stacking of the nanoparticles inside of the pipe. In order to suppress unnecessary grain growth due
to the hot helium gas flow, the X-Y stage is cooled by thermally connecting to a cold finger filled
with the liquid nitrogen. The substrate temperature measured by a thermocouple was below 260 K
during the deposition of the metal nanoparticles. Exhausting He gas in deposition chamber would
be recycled by MBP and RP, and then flew to He purification system again for purification and
circulated to evaporation chamber. In the present study, ribbon-shaped n-Au and mAg samples
were prepared by moving the X-Y stage with the pattern as shown in Fig. 2-2 (moving speed of the
stage = ~2-5 mm/s). After preparation, the samples were peeled off form the substrate carefully
using the surface tension of water. Samples used in our study were mainly in the ribbon shape with
the length of ~20 mm width of ~ 1 mm and thickness of ~ 0.05 mm. Slab-shaped samples with the
length of ~9 mm width of ~4 mm and thickness of ~0.073 mm were also prepared for DSC

measurement by changing the drawing pattern.

13
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Fig. 2-1. Schematic diagram of gas deposition apparatus (right) and the photograph of deposition

chamber and evaporation chamber (left).
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Fig. 2-2. (a) Schematic drawing of the transfer tube, glass substrate and X-Y stage in the deposition

chamber. (b) Drawing pattern programed for preparation of ribbon-shaped samples.
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2.1.2 Control of deposition rate of nanoparticle by base metal temperature

In the gas deposition method, metal nanoparticles formed by the inert-gas condensation process
were directly deposited on the substrate by using He gas jet flow and a nanocrystalline metal film
was prepared. The mean grain size and the grain boundary state are important factor for the
characteristics of the prepared n-metals. The mean grain size was mainly determined by the size of
nanoparticles and the grain boundary state depended on the deposition rate of the nanoparticles. In
the inert-gas condensation process, the size and formation rate of the nanoparticles are governed by
the vapor pressure of the base metal and the pressure of the inert-gas. However, in the gas
deposition method, the He gas pressure in the evaporation chamber was maintained to 66.7 kPa in
order to generate the He gas jet flow for transfer and deposition of the nanoparticles. The vapor
pressure of metals was increased exponentially with the increase of temperature. The vapor
pressures of Ag and Au were calculated from the thermodynamic data reported [42]. The
relationships between vapor pressure and temperature are illustrated in Fig. 2-3. Fig. 2-4 shows
the change in the temperature of silver base metal by the input power to the induction heater. The
base metal temperature was measured by using an infrared thermometer. The similar relationship
to Fig. 2-4 was reported for the case of gold[43]. In the sample preparation, the base metal

temperature was controlled by adjusting the input power to the induction heater.

T T T T T LN
10°} Ag o’ °
: S o 4
102 _(meltlng point: 1234K). o®
g 10} . .*
T 0 ¢ ° ° ’ i
5 107 . o i
g o't e o’ ]
%) ®
10 . ° Au i
10-3_’ e (melting point: 1336K)
1000 1200 1400 1600 1800 2000

Temperature (K)

Fig. 2-3. Evaporation pressure of Ag (grey) and Au (blue) as a function of

temperature [42].

The deposition rate, defined by the amount of deposited nanoparticle on the substrate in a unit

time, is calculated in the following equation;

msample

deposition rate(nm/s) = / Sev/trota

sample
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where mggmy,e is the weight of the sample, psgmpie 1s the density of the sample, Sy, is the cross
sectional area of transfer tube (x mm2) and t.q, is the elapsed time for the sample preparation.

The deposition rates of n-Au and n-Ag as a function of temperature are shown in Fig. 2-5.
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Fig. 2-4. Change in Ag temperature by input power to induction heater.
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Fig. 2-5. Deposition rate observed for Ag (grey) and Au (blue) as a function of base metal

temperature.
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2.1.3 Preservation

It was reported that a rapid grain growth of n-Pd was occurred at room temperature[44]. For
avoiding unnecessary grain growth, the samples were kept in a refrigerator at ~260 K in the early
stages of the present study. However, the grain growth was found for some of samples after keeping
at ~260 K for more than a few months (see section 3.1.6 for details). In order to prevent the grain
growth, the samples were sealed in evacuated quartz tube (~103 Pa) and then kept in liquid

nitrogen.
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2.2 Texture analysis

The texture of n-samples was investigated by using the X-ray diffraction method. The texture of
nmsamples was investigated by using the X-ray diffraction method. STM was also used to

investigate the grain size.
2.2.1 X-ray diffraction (XRD)

The texture such as the grain size, lattice parameter and microstrain was studied by using an
X-ray diffractometer (X’PertPro, Phillips) with the CuK. radiation (40 kV, 30 mA). The
measurement was performed as the X-ray scattering vector being normal to the specimen flat

surface.

The X-ray diffraction pattern was taken in the angle range from 30° to 105°. The position and
width of (111), (200), (220), (311), (222) and (400) reflections were determined by the XRD data
analyzing software, Jade. The lattice parameter of m-metals was estimated from the peak positions
by applying Nelson-Riley method [45]. The mean grain size and microstrain were estimated from
the peak position and peak width by applying Halder-Wagner method [46]. The details of the

analysis are shown in below.
I. Nelson-Riley method

In the diffractometer method, the position of reflection peak will show slight deviation from the
true position when the specimen position is misaligned from the 20/0 axis along the scattering
vector. In Nelson-Riley method, the effect of deviation in the position is corrected by extrapolation to
the reflection condition at 20=180°. The deviation in the lattice parameter from the true value could

be expressed as;
Aa/a = K{(cos?0/sin8) + (cos?6/6)}, K= const.

where 0 is the Bragg angle. The lattice constant estimated from the (hkl) reflection, a(hkl)(:
dnin/(h? + k2 +12)°5) | is plotted against (cos?6/sinf)+ (cos?6/6) and the value of a
extrapolated at 6=90° indicates the true lattice parameter eliminating the geometrical condition of

the sample position.
II. Halder-Wagner method

A broadening of the reflection peak is induced by the decrease in the grain size and the increase in

the microstrain of the crystallites. The integral breadth related with small grain size, B°, can be
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expressed by Scherrer equation as;

_ KA
" Dcos6

BS

where K is Scherrer constant (K value as 0.97 used in our study), 1 is wave length of X-ray and D
is the grain size. The integral breadth due to microstrain, 82, on the other hand, could be expressed

as

pP =4¢-tan6

where ¢ is the root mean squre of microstrain. When both the small grain size and the microstrain

are contributed to the peak broadening, the observed integral breadth g could be expressed as;

B _ _<ﬁ>2
-1 \B

(@) =5 "zt

e 2
tanf D tanBsinf 16¢

When (B/tan8)?is plotted against /tanfsind and a straight line is determined, the grain size

could be obtained from the slope and microstrain from the intercept.

ITI. Low-temperature X-Ray diffraction measurement

The lattice parameter reflected the dimension of unit cells in a crystal lattice. Lattice parameter
exhibits a contraction with decreasing temperature and expansion with increasing temperature. In
order to clarify the low temperature characteristic properties of n-metals, the XRD measurement at

50 - 300 K was conducted by using the beamline 8A or 8B at the Photon Factory, KEK.

The ribbon-shaped sample was cut into small triangle chips and glued on a quartz rod (@: 1mm).
The sample was set on the Gonio stage and cooled down by spraying cold helium (or nitrogen) gas.
The temperature could be controlled in the range between ~50 - 300 K. The energy of X-ray was set
to 11 keV and the reflection pattern was taken by a 2D imaging plate (Debye-Scherrer camera). The
exposure time was typically 3 min and the sample was rotated along the omega axis by 3° during
the X-ray exposure. The observed Debye-Scherrer ring was converted to the one-dimensional

pattern (Fig. 2-6).
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In order to obtain the accurate wave length, the diffraction ring of CeO2 power was measured at
room temperature and the converted 1D pattern was analyzed by Nelson-Riley method. The literature
value of 5.411102 A [47] was used for the lattice parameter of CeO2. Furthermore, the lattice
parameters of the msamples were estimated by applying Nelson-Riley method to the reflection

peaks.
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Fig. 2-6. Debye-Scherrer ring (up) and converted one-dimensional XRD pattern (bottom) of
CeOa.

20



2.2.2 Density

The density of n-sample was measured by Archimedes method. The weight of sample was once
measured in the air and it was recorded as the dry weight (Mp). Then the sample was hanged on a
tiny and thin quartz hook (diameter= ~10 pm) and immersed in ethanol (purity 99.5%). The total
weight of the sample and the quartz hook in ethanol was measured and recorded as the wet weight
(Mw). Finally, the weight of only the quartz hook in ethanol was measured and recorded as the hook

weight (Mu). These measurements were conducted at 293 K.
The volume of the sample is calculated by the follow equation;
Vsampte = {(Mp — (Myy — M)}/ Petnano-
The density of the sample could be estimated by the follow equation;
Psampte = Mp/Vsampie-
The weight of the sample used for the density measurement was about 20 - 40 mg. It is noted that

the density measured for p-Au of about 10 mg was agreed with the literature value (19.3 g/cms3)

within 1% accuracy.
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2.3 Measurement

2.3.1 Internal friction

When a constant stress is applied to solid materials within the elastic limit, they show not only an
instantaneous elastic deformation but also a time-dependent deformation. The amount of the latter
is specific for the material and the time-dependent elastic behavior is called anelasticity. When the
alternating stress is applied to the anelastic material, a part of the elastic energy is dispersed. If the
alternating stress is switched off, the vibration of the materials would decrease in passing time (free
decay of the vibration). In this case, the ratio of the dispersed energy against the elastic stored

energy per one cycle is defined as “internal friction”, @1;

Qt =AW /2rW

where Wis the elastic stored energy and AW is the dispersed elastic energy [48]. Since structural
changes such as atomic movements and structural transitions in solid can be reflected on the
anelasticity, the internal friction measurement is considered as a powerful tool to investigate the

behaviors of lattice defects.

There are several techniques to measure internal friction [49]. In our study, internal friction was
measured by using flexural resonant vibration excited by electrostatic technique. An electrostatic
force was applied to the reed-shaped sample in order to excite the resonant vibration. After
switching of the electrostatic force, the free decay of the reed vibration is monitored and internal

friction was calculated from the logarithmic decrement of vibration amplitude, A4;

Ay = Agexp(—6 - fot)exp(iwyt),

where A, and f, are the vibration amplitude and frequency at resonance, respectively, w is the

circular frequency, ¢ is the logarithmic decrement. The logarithmic decrement & is determined as:

6= ln(Am/Am+1),

where A,, and A4,,,; are the vibration amplitudes in the m th and m+1 th cycles. Then, internal
friction calculated from & as;

Q =6/

=In(An/Ams)/m.

The resonant frequency is the function of the dynamic modulus and shape of the sample;
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£ =(0.1614t/12) -\/(E/p)

where L, t, p and £ are the length, thickness, density and dynamic Young’s modulus of the sample,

respectively.

In the internal friction measurement by the electrostatically excited technique, a direct voltage, V,
is imposed in addition to the alternating driving force. The apparent resonant frequency is changed
by Vin the following equation;

flfo=1—aV?

The real resonant frequency could be estimated by extrapolation of the frequency to V=0 in the 12-f
plot. The schematic drawing of the internal friction measurement in the present study is shown in
Fig. 2-7. The ribbon-shaped n-metal sample was cut into a reed specimen with the length of 5-8 mm,
the width of ~2 mm. As shown in Fig. 2-8, one end of the reed specimen was clamped by U-shaped
p-Au film (thichness of ~0.06 mm) and then fixed on a copper specimen holder by a copper band. In
order to hold the reed specimen rigidly, an L-shaped stainless steel fitting was used. After the
n-specimen was mounted on Cu bed for the internal friction measurement, the electrode position
was adjusted as the distance between the specimen and electrode at 0.1- 0.5 mm. An electrostatic
force was applied to the reed specimen by adding the alternating drive voltage to the electrode, and
the resonant vibration of the reed with a constant amplitude was excited by a positive feedback
system where the amplitude and phase of the drive voltage was controlled by an
automatic-gain-controlled amplifier. The thickness and length of the reed specimen was adjusted as
the resonant vibration with the frequency being 100 Hz to 2K Hz. The vibration of the reed
specimen was monitored through the change in the capacitance between the electrode and the reed
specimen due to the displacement. The electrode was connected to the one end of a cavity resonator
of which the resonant frequency was tuned to be about 100 MHz. A VHF transmitter with the
oscillating frequency of ~100 MHz (carrier wave) was connected to another end of the cavity
resonator. When the distance between the reed and electrode was changed, the frequency of the
carrier wave was modulated through the change in the capacitance (frequency modulation (FM) of
the carrier wave). Then, the vibration of the reed was monitored by a FM receiver and the resonant
frequency of the reed specimen was recorded. In the internal friction measurement, the driving
voltage for the resonant vibration excitation was cut off and the free decay curve of the vibration
was monitored. The vibration of the reed specimen was converted to digital data by a high-speed
A/D converter and the data were analyzed by a computer. The temperature of the reed sepcimen
was monitored by a copper-constantan thermocouple attached near the Cu specimen holder. The Cu
bed with the specimen was put into a cryostat and evacuated below 106 Torr during the internal
friction measurement. In order to cool down the specimen, He gas was filled into the cryostat (~200

Torr) and the outside of the cryostat was cooled by liquid He or liquid nitrogen. When the
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temperature reached to the desired temperature, the He gas was evacuated and made the chamber

in vacuum again. Then the specimen was warmed up by using an electric heater.
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Fig. 2-8. Photograph of the mAu reed specimen fixed on the Cu
specimen holder. The Cu specimen holder is mounted on the Cu bed
with the electrode for the excitation/detection of the specimen

vibration.
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2.3.2 Electrical resistivity

Free electrons in metals are scattered by lattice defects and behaviors of the lattice defects
sometimes are reflected on the electrical resistivity of metals. In the present study, the electrical
resistivity of nm"metals was measured by the four-terminal method. Thin cooper wires (¢ 0.1 mm)
were attached on the sample by using epoxy-based silver paste. The temperature of the sample was
measured by thermocouple which was fixed on the stage. The electrical resistivity was measured at
a current of 100-200 mA in a vacuum chamber (<102 Pa) at the temperature range between 50 and
300 K.

The electrical resistivity was calculated from the equation listed below:

HxD
l

p=R

where [ 1s distance between the voltage terminals, H and D is the thickness and the width of
sample, respectively. The size of the sample was measured from the optical microscope observation.

The values of [, H and D used in our study were 3-5 mm, ~100 um and 1-2 mm, respectively.

2.3.3 DSC

When a material shows a phase transition at a certain temperature, anomalies could be observed
in the heat flow. The differential scanning calorimetry (DSC) is a sensitive and powerful technique
to investigate phase or structural changes of the materials. In the present study, a heat-flux DSC
(X-DSC7000, Seiko Instruments Inc. ) was used. The DSC measurement was performed from 140 to
300 K. During the measurement, Ar gas was supplied to the sample chamber with the flow rate of
50 ml/min and Ar gas cooled by liquid N2 was used to cool the sample. The sample was cut into
small pieces and set in an aluminum pan carefully not to overlap the small sample pieces. The total

weight of the sample pieces was ~ 5 mg. The heating and cooling rates were 20 K/min.
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Chapter 3 Results

As mentioned in Chapter 1, characteristic property changes at low temperatures were reported for
mAu. In order to clarify whether these characteristic changes are common for n-FCC metals, we
prepared m-Ag by using gas deposition method and measured various properties. It was also
reported that two types of m-Au were prepared with the difference deposition rate. Similarly, in the
case of m-Ag, two types of samples were prepared by the change in the deposition rate; samples
prepared at the deposition rate below ~200 nm/s (type-L) and those above ~400 nm/s (type-H). The
characteristics of n-Ag and n-Au samples used in the present study are listed in Table 3-1. The
experimental results of texture, anelastic property, thermal property and electrical property will

exhibit in this chapter.

Table 3-1. Characteristics (grain size, lattice variation, microstrain and relative density to the
prcounterpart (p-Au: 19.3 g/em3; p-Ag: 10.5 g/lem? ) and deposition rate of n-Ag and n-Au prepared by the
gas deposition method. In order to clear, specimens were classified by Ag and Au, where initial capitals

“S” and “G” mean Ag and Au, and the last capitals “H” and “L.” mean type-H and type-L, respectively.

sample d(nm) Aafag(%) Microstrain (%) 0 0(%) Deposition rate (nm/s)

S1L 29 -0.019 0.01 1.00 59
S2L 33 -0.032 0.2 1.0 142
S3L 31 -0.04 0.06+0.01 0. 95+0.04 80

n-Ag S4L 30 -0.005 0.12 0.96+0.04 74
S5L 20 -0.07 0.102 0.97+0.03 201
SsL 70 0.05 0.03
S6L 34 -0.14 0.12 0.98+0.02 124
S7H 26 -0.02 0.04 0.99+0.01 722
S8H 28 -0.05 0.09 0.98+0.02 517
GIL 28+2 -0.13+0.02 0.1£0.01 0.98+0.02 202
G2L 31 0.006 0.12 0.99 150
G3L 48 -0.008 0.037 0.98 169

n-Au G4L 31+1 -0.02 0.09+0.01 1.00+0.01 161
G5L 38 -0.094 0.082 0.98 215
Go6L 36 -0.07 0.14 0.99 271
G7L 40+2 0.018 0.07+0.01 1.01+0.01 112
G7L' 5542 0.08 0.04
G8L 32 0.02 0.12 0.99 231
G9H 31 0.014 0.01 0.99 1500
G10H 29 -0.05 0.038 0.98 766
G11H 31 -0.015 0.03 0.99 388

*: annealing at 700K for 3 h. 7: annealing at 923K for 30 min
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3.1 Texture of n-Ag and n-Au, and effect of the deposition rate
3.1.1 (111) preferred orientation in the as-prepared state

Ribbon-shaped n-Ag samples were deposited on a glass substrate and the ribbons were peeled off
from the substrate. The surface toward the glass substrate side is called “substrate side”, and the
opposite side “free surface side”. The XRD diffraction measurements were mainly performed for the
substrate side of the sample by using the diffractometer. Examples of the diffraction patterns of
type-L and type-H n-Ag are shown in Fig. 3-1-1. Compared with the XRD pattern of p-Ag with
random orientation (see Fig. 3-1-1(c)) [50], the relative intensity of (111) reflection of both type-L
and type-H n-Ag was much larger than p-Ag. It suggests that most of the crystallites aligned as the
(111) planes were parallel to the sample surfaces ((111) preferred orientation). It was reported that
for m~Au, both type-L and type-H showed the strong (111) preferred orientation [51]. For Ag and Au,
the surface energy decreases in the sequence of the (110), (100) to (111) planes [52]. The strong (111)
preferred orientation of m-Ag and n-Au indicates that the nanoparticles deposited align as the (111)

plane being parallel to the substrate surface in order to reduce the surface or interface energy.
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Fig. 3-1-1. XRD spectra of (a) type-H n-Ag and (b) type-L n-Ag. The positions and the

relative intensities for reflections of randomly-oriented p-Ag in literature [50] are

indicated in (c).
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In the XRD pattern of n-Au prepared by the gas deposition method, the relative intensity of (200)
reflection was lower for type-L than for type-H; almost no (200) reflection was observed for some of
type-L m-Au [43]. For n-Ag, the relative intensity of (200) reflection is higher than that of n-Au (see
Fig .3-1-1 and Fig .3-1-8). Similar to n-Au, intensity of (200) reflection of type-L was slightly lower
compared to that of type-H as shown in Fig. 3-1-2.
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Fig. 3-1-2. Deposition rate dependence in peak intensity ratio
between (111) and (200) reflections (I(200)/1(111)) of n-Ag.
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3.1.2 Density, grain size, lattice parameter and microstrain in the as-prepared state

The relative density (p/po, where p, is the density of p~Ag: 10.5 g/cm?) as a function of deposition
rate is plotted in the Fig. 3-1-3 (a). The relative density of some of type-L n-Ag was p/py = ~96%.
The nAg samples with the lower densities appeared to be too thin and light (~2-8 mg) to measure
the density accurately. To improve the accuracy, we prepared type-L samples with enough weight
(~10 mg) by increasing the pass number during the deposition. The relative densities of these
type-L n-Ag samples were above ~ 98% (red symbols in Fig. 3-1-3(a)). It was reported that the
relative density of bulk mAg cold-pressed from milled n-Ag powder was about 90 — 95% [53].
Further, the relative density of n-Ag prepared by inert gas condensation followed by in situ warm
compaction was about 97% [54]. The slightly low relative density comparing with p-Ag was

attributed to atomic misfit in grain boundaries [55].

The grain size, microstrain and lattice parameter are plotted as a function of deposition rate in
Figs. 3-1-3 (b), (c) and (d), respectively. As mentioned in section 2.2.1, the grain size and microstrain
were estimated from the Halder-Wanger plots and the results are shown in Fig. 3-1-4. Furthermore,
the direct observation of sample surface was conducted by STM (NaioSTM) under the constant
current mode (bias voltage: 50 mV, tunnel current: 1 nA) in the atmosphere. As shown in Fig. 3-1-5,
the grain size of n-Ag estimated from the STM observation was ~30 nm and showed a good
agreement with 33 nm from the XRD analysis. The microstrain was estimated from the intercept of
Halder-Wanger plots. The microstrain of n-Ag was roughly ~0.1% but the microstrain of type-L
appeared to be slightly higher than that of type-H (Fig. 3-1-3(c)). From Fig. 3-1-3(d), the lattice
parameters of type-LL and type-H n-Ag were smaller than the value of p-Ag. No systematic

deposition rate dependence was observed for the lattice parameters of type-L and type-H n-Ag.

29



lFee o I I o o I o -
L ) ) 4
S 098-° e ® e .
< 096 ° e -
. o O (a) J
0%6 M 1 M 1 M 1
e 40f e .
E T s . ]
g 0ppt el $o%e 3]
‘% 20k ° §
z . .
s 10p (b) ]
o) 0 . 1 . 1 . 1 .
| [ )
2/\ 0.2F o® e
Vo o0.1f%e * ’ 1
§ O-.' ) 1 1 ) I (c):
P DA L N Q
Or-ss p-Ag 40865TA e 5
S ool ° -4.086%»
E I Y .. . s
<
5-0_043 o« . e 14.085 £
06— AR O -
-0.06 200 400 600 =

deposition rate (nm/s)

Fig. 3-1-3. (a) Relative density, (b) grain size,(c) microstrain strain as well as (d) lattice
contraction as a function of deposition rate. The red dots in (a) are the results that calculated

from the sample prepared in specific condition. For details, see text.
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Fig. 3-1-4. Halder-Wanger plots of (a) type-L. n"Ag (S1L) and (b) type-H n-Ag (S7TH). The
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Fig. 3-1-5. (a) STM images (203 X203 nm?) of n-Ag (S2L, deposition rate:
142 nm/s) surface. (b) The grain size distribution of S2L. The mean grain

size estimated from STM is about 30 nm.
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3.1.3 Change in texture of n-Ag by annealing

In order to study the thermal stability, n~-Ag was annealed in vacuum at elevated temperatures.
Fig. 3-1-6 shows the XRD patterns of n-Ag after the annealing. As shown in the Fig. 3-1-6 (a), the
(111) preferred orientation of type-L n-Ag (S5L) was maintained by annealing at 700 K and relative
intensity of (200) reflection increased above half of that of (111) reflection. On the other hand, the
(111) preferred orientation of type-H n-Ag (S7TH) changed to (100) one by annealing at 400 K. The
(100) preferred orientation showed a further progress by annealing at 700 K.

The changes of grain size, microstrain and lattice parameter in m-Ag by annealing were also
investigated. In Fig. 3-1-7 (a), the grain size is plotted as a function of annealing temperature. The
grain size of type-L n-Ag (S1L) annealed at 400 K was same to that in the as-prepared state. After
annealing at 500 K, grain size increased from ~ 29 nm to ~57 nm. The grain size of S5L increased
from ~20 nm to ~70 nm after annealing at 700 K. In the case of type-H n-Ag (S7H), the grain growth
was observed after annealing at 400 K. Furthermore, in some type-H n-Ag samples, the grain
growth was occurred even at room temperature (see section 3.1.6).It suggests that the thermal
stability of type-H mAg is lower than that of type-L. m-Ag. The rapid grain growth at room
temperature was also reported for n-Pd [44]. The lower grain growth temperature of type-H n-Ag
suggested that the higher grain boundary energy is stored in type-H than type-L. However, as
shown in Fig. 3-1-7 (b), the microstrain of both type-H and type-L similarly decreased by annealing.
The thermal stability of the nanocrystalline structure is also governed by the geometrical
distribution of the various grain boundaries (see section 4.3). Fig. 3-1-7 (c) shows the change in the
lattice parameter by annealing. The lattice parameters of both type-H and type-L were recovered to

the value of p-Ag by annealing.

For type-L n-Ag (S1L) with low density, the peak splitting was observed for (111), (200), (220), (311)
and (222) reflections. This peak splitting indicated that the crystallites with different lattice
parameters were existed; ones with the lattice parameter almost same to that of p-Ag and others
contracted by about 0.019%. The grain size, microstrain and lattice parameter were estimated from
the reflections corresponding to the crystallites with the lattice contraction. The results are shown
in Fig. 3-1-7, suggesting that the annealing behavior of S1L was quite similar to other type-L n-Au

samples. At the present, however, the origin of the peak splitting is not clear.
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Fig. 3-1-6.(a) XRD pattern of type-L n-Ag (S5L, purple) obtained in the as-prepared state and
after annealing at 700 K for 3 h. (b) XRD pattern of type-H n-Ag (S7H, red) obtained in the
as-prepared state and after annealing at 400 K and 700 K for 30 min. The conditions are

written on the figure.
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Fig. 3-1-7. Changes in (a) grain size, (b) microstrain and (c) lattice contraction from p-Ag
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red symbols, respectively.
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3.1.4 Texture of n-Au and change by annealing

For n-Au, type-H and type-L were fabricated at the deposition rate above 300 nm/s and below 300
nm/s, respectively. The XRD patterns of type-L and type-H n-Au are shown in the Fig. 3-1-8. Both
type-L and type-H mAu showed the strong (111) preferred orientation in the as-prepared state.
However, the relative intensity of (200) reflection for type-H was higher than that of type-L. The
similar (111) preferred orientation and the slight difference in the degree of the (111) preferred
orientation between type-L and -H were reported for n-Au by Sakai [43, 51, 56].
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Fig. 3-1-8. XRD spectra of type-H n-Au (G10H, red) and type-L n-Au (G1L, blue).

The deposition rate dependence in the relative density (p/p,, where p, is density of p-Au: 19.4
g/lcm?3) of n-Au is shown in the Fig. 3-1-9 (a). The relative densities of both type-H n-Au and type-L
mAu were above 98%. As shown in the Fig. 3-1-9 (b), the grain size of most samples were in the
range from ~25 nm to ~35 nm but some of type-L samples were above 40 nm. The microstrain of
n-Au was around 0.1% and no obvious deposition rate dependence was observed as shown in Fig.
3-1-9 (c). The deposition rate dependence in the lattice parameter is shown in Fig. 3-1-9 (d), where
the lattice parameters of most type-L samples were smaller than p-Au. But the lattice parameters
of some n-Au samples were larger than p-Au. These slight larger lattice parameters in n-Au may

due to the excess free volume in the grain boundaries (see the next section).

Texture changes of type-H and type-L n-Au by annealing are shown in Fig. 3-1-10. After annealing
at 400 K, the relative intensity of (200) reflection of type-L became stronger than as-prepared state
but still maintained the (111) preferred orientation. For type-H, the relative intensity of (200)
reflection became much larger and the (111) preferred orientation turned to the (100) one after
annealing at 400 K. The changes in the mean grain size of n-Au by annealing are shown in Fig.

3-1-11. The apparent grain growth was observed for both type-L and type-H n-Au after annealing at
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400 K but the type-H n-Au appeared to start the grain growth at 350 K. In the previous study [51],
it was reported the type-L. n-Au was thermally more stable than type-H n-Au and the type-L n-Au
maintained (111) preferred orientation by annealing at 700 K. In the present study, type-L m-Au
samples were prepared near the threshold deposition rate of 300 nm/s. As a consequence, some

type-L samples show the characters of type-H n-Au in the present study [51].
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Fig. 3-1-9. (a) Relative density, (b) grain size, (c) microstrain as well as (d)
lattice parameter of m-Au samples used in present study as a function of

deposition rate.
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Fig. 3-1-10. (a) XRD pattern of type-L n-Au (G2L, blue) obtained in the as-prepared state and
after annealing at 400 K and 500 K for 30 min. (b) XRD pattern of type-H nm-Au (G10H, red)
obtained in the as-prepared state and after annealing at 400 K and 500 K for 30 min.
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Fig. 3-1-11. The grain size of type-H n-Au (G10H, red) and type-L mAu (G2L, blue) obtained
after annealing at 350 K, 400 K and 500 K.
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The microstructure of substrate-side of G2L was also studied by the electron back scatter
diffraction (EBSD) technique. The EBSD measurement was performed by using MI4000L (Hitachi
High-Technologies Corporation) at High Voltage Electron Microscope Laboratory, Institute of
Materials and Systems for Sustainability, Nagoya University. Fig. 3-1-12 (a) shows the 2
dimensional EBSD map of G2L. The strong (111) preferred orientation was indicated from the
EBSD map and it is in good agreement with the XRD analysis. However, some of grains were
elongated along the vertical direction in the map and the grain sizes exceeded ~ 200 nm. Since the
sample was kept at room temperature for one month before the measurement, the grain growth
might be occurred. The pole figure in Fig. 3-1-12 (b) indicates that the orientations of the grains
were distributed randomly along the specimen surface. In the distribution of the misorientation
angle (Fig. 3-1-12 (c¢)), high angle grain boundaries with the misorientation angle larger than 15
degrees were dominant. Especially, the grain boundaries with the misorientation angle of 60 and 35
degrees were dominant. It suggests that some kind of ordered structures is existed in the grain

boundaries normal to the specimen surface.

(b) pole figure
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Fig. 3-1-12. (a) EBSD map of type-L n-Au (G2L), (b) pole figure and (c) distribution of

grain boundaries on misorientation angle.

37



3.1.5 Lattice parameter as a function of grain size

As mentioned before, a lattice contraction was observed for m-Au and m-Ag prepared by gas
deposition method. The lattice contraction as a function of grain size is displayed in Fig. 3-1-13,
where the grain size and lattice parameter were estimated in the as-prepared state at room
temperature. Lattice contraction and expansion were often reported for m-metals prepared by
various methods and summarized in ref [57]. It was reported that at room temperature, the lattice
parameter of n-Pd fabricated by IGCC method [58] was smaller than that of pPd and the amount
increased with the decrease in the mean grain size (green dash line in Fig. 3-1-13). The lattice
contraction of n-Pd was attributed to the grain boundary tension[58]. The similar lattice contraction
was also reported for other n-metals, for example, Aa/a,= —0.01% for ball-milled n-Ni [9], n-Cu,
n-Fe [57], and n-WI[59].

As shown in the Fig. 3-1-13, the lattice contraction of n-Ag and n-Au is more larger than the lattice
contraction reported for n-Pd and it appears to be difficult to explain by the grain boundary stress.
In the case of p-metals, the decreases in lattice parameter by vacancies were reported for quenched
pPt and p-Au [60]. Further, our previous study suggested that n-Au in the as-prepared state
contained vacancies of about 0.15% from the recoveries of the lattice parameter and specimen
length by annealing above 350 K [61]. It was reported that the lattice parameter of a Pd hydride
showed a gradual decrease with time after hydrogenation and the contraction was attributed to the
formation of vacancy-hydrogen clusters [62]. These reported results indicate that the large lattice
contraction of n-metals is induced by the abundant vacancy-type defects in the crystallites. When
lattice contraction is induced by the vacancy, the following relationship is expected between the

vacancy concentration and the lattice parameter[62].

C, = —(3ha/ag)/(wy /0,

where C, is the concentration of vacancy-type defects, a, is the lattice parameter without vacancy,
vy 1is the apparent volume for the vacancy, and 2 is the atomic value. In the present study, v,/
was assumed to be 0.85 and 0.76 according to the values for the vacancy in p-Au and p-Ag,
respectively [63]. By calculation, the right-hand side axis in Fig. 3-1-13 is converted to C, from the
lattice contraction on the left-hand side axis. In the as-prepared state, C, of nAu was mainly from
0 to ~0.4% and C, of mAg was mainly from 0 to ~0.2%. This different vacancy-type defect
concentration is maybe due to different vacancy formation energy that 1.24 eV for p-Au and 0.82 eV
for p-Ag [63].

It was reported that lattice parameters of mmetals were non-monotonically changed with

decreasing the grain size from ~100 nm to ~10 nm [9, 57, 59]: contraction followed by expansion,
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where the contraction is attributed to the grain boundary stress and the expansion to the excess
free volume in grain boundary (as shown in Fig. 3-1-14) [57]. In Fig. 3-1-14, the contraction and
expansion become much larger at the grain size below ~ 30 nm. For understanding the grain size
dependence of lattice parameter in detail, the investigations for n-Ag or n-Au with the grain size of

<~20 nm or >~40 nm are necessary.
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Fig. 3-1-13. Plot of lattice parameter as a function of grain size observed for n-Au (red
dots) and n-Ag (blue dots), where ao is the lattice parameter of p-counterpart. The green
dash line is the result reported for n-Pd [58]. The right-hand side axis indicates the

defect concentration calculated from lattice contraction (for details, see text).
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Fig. 3-1-14. Calculated relative changes of lattice parameter induced by interface (grain

boundary) stress and excess volume in grain boundary as a function of grain size (details

see ref [57]).
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3.1.6 Grain growth by aging

As mentioned in experimental, n-Au samples were stored in the refrigerator at ~260K. However,
the grain growth, texture change and recovery of lattice contraction were observed even at ~260 K
for several months. In the case of type-H n-Ag, the grain growth and texture change were also

observed even at room temperature.

nAu

The grain growth of type-L. n-Au was thermally activated above 350 K and the contracted lattice
parameter recovered to the p-Au value [40]. Although grain growth in a few days like n-Ag was not
observed for m-Au at room temperature, the recovery of the lattice parameter and grain growth
were observed by keeping at ~260 K for more than several months. The time changes in lattice
parameter, mean grain size, and microstrain induced by aging at 260 K are plotted in the Fig.
3-1-15(a), (b), and (c), respectively. Upon aging at 260 K, the contracted lattice parameter of G1L
was relaxed to that of p-Au as shown in Fig. 3-1-15(a). Further, the grain growth was occurred
simultaneously (Fig. 3-1-15(b)) and the microstrain seemed to be decreased (Fig. 3-1-15(c)). For G3L,
due to large initial grain size, it just showed a slight increase of grain size and slight decrease of
microstrain. In addition, the texture changed by time shown in Fig. 3-1-15(d), the (111) preferred

orientation was maintained by the aging.
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Fig. 3-1-15. Time developments of (a) normalized change in lattice parameter, (b) mean grain
size (c) microstrain as well as (d) texture of n"Au by aging at 260 K. In Fig. 3-1-15(a), the
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When the lattice contraction is caused by the vacancies, the recovery of Aa/a, can be explained
by the annealing out process of the vacancies. For the simplest model, we assume that the vacancies
distributed uniformly in a crystallite diffuse out from the crystallite to the surrounding grain
boundaries. Since the grain boundaries act as the sink, the vacancy concentration at the grain
boundaries is assumed to be zero. For a spherical shape of the crystallite, the analytical solution for
the mean vacancy concentration in the crystallite G, can be expressed using the following equation
[64].

Cy/Cyo = (6/1%) ¥=q 1/n? exp(—n*m*Dt/R?)

where R is the radius of the spherical crystallite, ¢is the elapsed time, and Cy, the initial C, at ¢
= 0, respectively. The diffusion constant of a vacancy is given as D = Dyexp(—E,,,/kgT) where D, is
the pre-exponential factor, E,, is the activation energy for vacancy migration, and ks is the
Boltzmann’s constant. The time development of the mean vacancy concentration was calculated by
varying E,,. Then, the time change in C,/C,, estimated from Aa/a, in Fig. 3-1-15 (a) is compared
with the time development of the vacancy concentration. If D, = 3x106 m?/s reported for p-Au [65]
and R = 14 nm are further assumed, the model calculation at £n = 0.89, 0.95, 0.97, and 0.99 eV is
performed and the expected time developments are displayed in Fig. 3-1-16. The comparison
between the calculated curves and the observed data indicates that £n = 0. 99 eV is probable (this is
the upper bound because of the simultaneous grain growth during aging). This value appears to be
similar or slightly larger than the migration energy reported for vacancies in p-Au of 0.89 eV [66].
So lattice recovery during aging at 260 K can be explained by the annealing out process of vacancies
from the crystallites. It supports that m-Au with contracted lattice parameters contains abundant
vacancies in the crystallites in the as-prepared state. These vacancies in the nanoparticles may be

quenched during the deposition on the cooled substrate.

mAg

The grain growth in m-metals is mainly driven by excess stored energy in the grain or grain
boundary regions[55]. There were several reports that the grain growth of mmetals occurred at
room temperature. The grain size of n-Pd prepared by IGCC method was increased from 10 to 45
nm when it was kept at room temperature for 20 h [44, 67]. Furthermore, a rapid grain growth in ~
24 h after the deposition was observed in n-Cu and m-Ag prepared by electrodeposition [68]. For
n-Ag used in our study, a rapid grain growth at room temperature was observed in some type-H
samples as shown in Fig. 3-1-17(a). The decrease in the macrostrain was also observed by the grain
growth. At the meantime, the lattice parameter showed a non-monotonic change by time but
appeared to increase after passing an enough time (Fig. 3-1-17(b)). The (111) preferred orientation
was turned to the (200) preferred orientation by aging at room temperature (Fig. 3-1-17(c)). These

texture changes were quite similar to those induced by annealing at elevated temperatures.
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FIG. 3-1-16. Time development of normalized vacancy concentration C,/ C,, during aging at 260 K, where
Cyo (or Aag) denotes C, (or Aa) at ¢ = 0. It is noted that C, (Aa) of specimen A at #=31.1x10° s is assumed
to be zero because the value in Fig. 2(a) is negative (positive). The lines are calculated results with £, =
0.95, 0.97, and 0.99 eV, respectively, where E,, is the activation energy of vacancy migration and a
spherical grain with a diameter R = 14 nm is assumed. The result at £,, = 0.89 eV, the vacancy migration

energy reported for p-Au, is also shown.
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texture observed in type-H n-Ag (SSH).
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3.1.7 Lattice parameter at low temperature

The characteristic changes in properties observed for n-Au and n-Ag will be discussed (see section
3.2 to 3.4). In order to study the relationship between the lattice parameter and properties changes

from the crystallite state, we conducted low temperature XRD measurements for n-Au and n-Ag.

Fig. 3-1-18 shows the changes of lattice parameter of (a) n-Au and (b) n-Ag at low temperatures.
The lattice parameters in Fig. 3-1-18 at 300 K were adjusted to the value that estimated from the
XRD measurement with Cu-Ka radiation at 300 K. As shown in the Fig. 3-1-18 (a), with decreasing
the temperature, the lattice parameters of type-H n-Au (deposition rate; G11H: 388 nm/s and G3L:
169 nm/s) at 300 K were slightly smaller than that of p"Au and became almost same to p-Au
because of the smaller temperature coefficient. On the other hand, the lattice parameters of type-L
m-Au with the deposition rate (G1L: 202 nm/s and G6L: 271 nm/s) were similarly smaller than that
of p-Au for the temperature range investigated. Although result of G3L has lowest deposition rate,
it shown a type-H characteristic. In the Fig. 3-1-18 (b), the similar variations of lattice parameter at
low temperatures were observed for n-Ag. The lattice parameter of type-L (deposition rate: 80 nm/s)
was always smaller than that of p-counterpart. The lattice parameter of type-H (deposition rate:
722 nm/s) was smaller than that of p-counterpart at around room temperature and became almost

same to the value of p-Au because of the smaller temperature coefficient.
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Fig. 3-1-18. (a) Lattice parameters of type-H n-Au (red and orange) and type-L n-Au (blue and
light blue) as a function of temperature. (b) Lattice parameters of type-H n-Ag (red) and

type-L m-Ag (blue) as a function of temperature.
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3.2 Internal friction

As mentioned in 3.1, two types of n-metal samples were prepared by controlling the deposition rate;
one is type-L samples prepared at lower deposition rate and with the better thermal stability and
the other is type-H prepared at the higher deposition rate with lesser thermal stability. In the
following sections, the results of the internal friction measurement are individually indicated

according to the type of the samples.
3.2.1 Internal friction of type-L n-Ag

Fig. 3-2-1 demonstrates the temperature dependences of internal friction and resonant frequency
for type-L m-Ag ( S3L ). In the figure, the results of p-Ag are also depicted. For p-Ag, the increase of
internal friction started from ~200 K and the internal friction showed a rapid increase linearly with
temperature from ~300 to 380 K. It was reported that due to the grain boundary relaxation, the
internal friction peak of p-Ag was observed at around 430 K with the resonant frequency of about 1
Hz [69]. On the other hand, with increasing temperature, the internal friction of n-Ag gradually

increased above ~120 K and turned to a rapid increase linearly with temperature above ~200 K.
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Fig. 3-2-1. Temperature changes in internal friction and resonant frequency of S3L (blue
curves). The data of internal friction and resonant frequency (black curves) of p-Ag are also
depicted. The resonant frequency is normalized by the value at 37 K in the figure (£7x of m-Ag is
~300 Hz and that of p-Ag is ~1200 Hz).

To investigate the origin of the rapid increase in internal friction observed for n-Ag above 200 K,
internal friction measurements were conducted above 300 K with increasing the maximum
warm-up temperature. As mention in section 3.1.1, the nanostructure of type-L. n-Ag is thermally
stable below ~ 400 K. The changes in grain size and texture of type-L n-Ag (S1L) after annealing at
elevated temperatures are shown in Fig. 3-2-3. Below 400 K, no obvious grain growth and texture

change were observed for type-L n-Ag.
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The changes in the internal friction spectra of type-L mAg (S4L) after warm-up to elevated
temperatures are displayed in Fig. 3-2-2. The internal friction spectra of as-prepared and warm-up
to 350 K are almost similar with each other. When the temperature was increased to 400 K, a slight
decrease in internal friction and a slight increase in resonant frequency were observed. When the
temperature was further increased to 500 K, the internal friction reached a maximum at around
450 K and then decreased rapidly at around 490 K. Corresponding to the change of internal friction,
a sudden rise of resonant frequency at around 490 K was observed (Fig. 3-2-2(b)). The results in Fig.
3-2-3 show the grain growth by annealing above 400 K and the texture change from strong (111)
preferred orientation to the random or (100) preferred orientations by annealing above ~450 K.
These observations suggest that the rapid increase in internal friction above 200 K is due the grain

boundaries in type-L n-Ag.
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Fig.3-2-3. Change in the grain size of type-L. mAg (S1L) by annealing at
elevated temperatures for 30 min. The change in the XRD pattern after

annealing is shown in the inset.
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3.2.1.1 Activation energy for Q31,o0x of type-L m-Ag

As already mentioned, the rapid increase in internal friction above ~200 K (Q321,00x) is due to a
certain anelastic process in the grain boundaries. The activation energy of Q31,,,x can be
estimated from its onset temperature and the corresponding frequency (see the inset in Fig. 3-2-4)

by using the following equation;

_ A E
Q B} = €xp (_ GB) )
27Tf0 kBTO

where A is constant, f; is corresponding frequency, 7b is the onset temperature and £ is the
activation energy. We conducted the internal friction measurement of same sample (S1L) with
shortening the length from 8 mm to 6 mm. The results are shown in Fig. 3-2-4. The onset
temperature for Q31,,0x was determined from the intersection between extrapolation from the
linearly-increasing part of Q31,,0x and the background value of Q7! (see the inset in Fig. 3-2-4).
The frequency at onset temperature was taken as corresponding frequency. In the analysis, the
effect of electrostatic force on frequency was considered from the DC bias voltage dependence in the
resonant frequency (see section 2.3.1). Then In(f,) was plotted against the T;! and the result is

shown in Fig. 3-2-5. The activation energy estimated for Q31,,x of type-L n-Ag is about 0.35 eV.
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Fig. 3-2-4. Internal friction spectra of type-L.  Fig. 3-2-5. Frequency f, dependence on 7 for
n-Ag (S1L) with the different sample length. Q31,00x of type-L mAg (S1L).

The value of 7» was determined by the

extrapolation of the linear increased part of

Q31,00x as shown in the inset (see text for

details).

47



3.2.2 Internal friction of type-H n-Ag

The internal friction measurement was also conducted for type-H mAg (S8H). The internal
friction spectra are shown in Fig. 3-2-6. Similar to the results of type-L m-Ag, a rapid increase in
internal friction was observed above ~200 K. However, the amount of Q31,,x is slightly smaller
than that of type-L n-Ag. For example, internal friction of type-H n-Ag at 300 K (Fig. 3-2-6) was
about 0.0032 in the as-prepared state and that of type-L mAg (Fig. 3-2-1) was about 0.005. As
mentioned in section 3.1.6, the grain growth of type-H n-Ag was occurred even at room temperature.
In Fig. 3-2-6, the internal friction and resonant frequency spectra observed after keeping for 3 days
in room temperature are also shown. It was found that the grain size was increased from ~ 28 nm to
~34 nm accompanied by texture changed (details see Fig. 3-1-17). The decrease in Q31,,0x by
keeping at room temperature, as well as the smaller value of Q31,,x of type-H m-Ag than type-L
n-Ag, is responsible to the fact that the grain growth of type-H n-Ag could proceed even at room
temperature. In Fig. 3-2-6, the resonant frequency, in other words, the dynamic Yong’s modulus
showed a decrease by about 1.5 % by the grain growth after keeping 3 days at room temperature.
The XRD measurement revealed that the (111) preferred orientation of type-H n-Ag changed to the
(100) one by grain growth. It is noted that dynamic Young’s modulus of Ag largely depends on the
crystallographic directions; the largest is 118 GPa along the <111> direction and the lowest is 43.7
GPa along the <100> direction [70]. We surmise that the decrease in the resonant frequency by

grain growth in Fig. 3-2-6 reflects the change in the preferred orientation along the reed direction.
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Fig. 3-2-6. Change in internal friction and resonant frequency spectra of type-H
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n-Ag (SSH) by keeping 3 days at room temperature.
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3.2.3 Internal friction of type-L n-Au

Fig. 3-2-7 shows the resonant frequency ( f) and internal friction (@) of type-L n-Au (G1L) as a
function of temperature. In Fig. 3-2-7(a), Q31,,0x observed for type-L n-Au in the as-prepared state
similar to the results in section 3.2.1, 3.2.2 and our previous studies [37, 38, 71]. In Fig. 3-2-7 (a),
the resonant frequency showed a rapid decrease corresponding to Q31,,,x with the temperature
increases above ~200 K. The temperature dependences in f and ¢! were similarly observed by
repeating the warm-up and cool-down measurements below 300 K. It was reported that the grain
growth of n-Au started by annealing above 350 K. As mentioned before or from the previous studies
[61, 72], Q3300x 1s attributed to the anelastic process thermally activated in the grain boundaries
regions above ~200 K. The rapid increase in internal friction, Q3,,0x, Was commonly reported in
FCC mmetals like n-Cul72], n-Al[73], and nAg [74]. For prcrystalline, the origin of the grain
boundary anelasticity was attributed to grain boundary sliding [75, 76]. Mari group studied the
atomicstic process of grain boundary anelasticity by using molecular dynamics simulations and the
experiments using bi-crystals. They explained that the origin of anelastic process was the sliding
motion along the grain boundary at higher temperatures and migration motion vertical to the
boundary plane at lower temperatures [77, 78]. For Q31,00x of type-L n-Au, the activation energy was

reported to be ~0.39¢V [79], this is slightly higher than that of type-L n-Ag estimated in 3.2.1.1.
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Fig. 3-2-7. Temperature changes in (a) resonant frequency and (b)
internal friction observed for type-L n-Au (G1L) in the as-prepared
state (red), and after heating up to 400 K (green) and 500 K (blue).
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In Fig. 3-2-7(a), the resonant frequency of type-L n-Au was decreased by annealing. Similar to
type-H mAg (3-2-2), the texture change from (111) preferred orientation to (200) preferred
orientation by annealing was observed. The value of dynamic Young’s modulus of Au along the
<111>, <110> and <100> directions are 116, 81.3 and 41.3 GPa at 300K, respectively [70]. The
decrease in f shown in Fig. 3-2-7(a) by heating suggests that the change of the (111) preferred

orientation to (200) preferred orientation with the grain growth.

The internal friction of type-L and type-H was investigated in our previous study (see Fig. 1-8.).
Result of type-H has a larger internal friction than type-L which is attributed to the higher grain
boundary energy [37, 43]. In the present study, we only conducted the internal friction

measurement of type-L n-Au.
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3.2.4 Comparison of internal friction spectrum between type-L n-Ag and type-L n-Au

The internal friction spectra of type-L n-Ag (S4L) and type-L n-Au (G6L) are compared in Fig.
3-2-8. In the figure, the increase in internal friction started above ~ 120 K and ~ 180 K for n-Ag and
n-Au, respectively. The fundamental process of the grain boundary anelasticity is governed by
reversible local site exchange of atoms in the grain boundaries and the thermal activation data for
the grain boundary diffusion may be helpful to discuss the atomistic process of Q31,50x [72].
However, the activation energy of grain boundary diffusion is rarely reported for n-metals. Here we
refer the activation energy of grain boundary diffusion in p-metals as the reference. The activation
energy of grain boundary diffusion for p-Ag (84.43 kJ/mol) was slightly lower than that of p-Au
(110.6 kdJ/mol) [80]. We surmise that the onset temperature of the increase in internal friction in
type-L n-Ag lower than that of type-L n-Au reflects lower activation energy of the atomic motion in

the grain boundaries of n-Ag.

In Fig. 3-2-8, a small peak was observed at ~80 K and ~105 K for n-Ag and n-Au, respectively. An
internal friction peak was reported for p-Au at around 110 K and p-Ag at around 90 K, respectively.
These peaks in the p-Ag and p-Au at low temperature are known as Bordoni peak and they are
attributed to the kink-pair formation process of dislocations [81]. However, the existence of
dislocations in the grains is still not clear for n-metals. For example, dislocations were not detected
in n-Ag with grain size less than 100 nm prepared by IGCC method [54, 82]. On the other hand, the
observation of dislocations was reported for n-Ni [83]. The small peaks of mAg and mAu
disappeared by annealing but increased by aging. The mechanism of this peak is still not clear and

it is out of focus in present study.
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Fig. 3-2-8. Internal friction spectrum of type-L n-Ag (S4L, blue) and type-L n-Au
(G6L, red) in the as-prepared state.
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3.3 DSC

As mentioned in section 3.2, the internal friction gradually increased at ~ 120 K and ~180 K for
mAg and m-Au, respectively, and a rapid increase linearly with temperature above ~200 K (Q31,,0x)
was observed in both m-Ag and n-Au. It was indicated that some atomic motions was thermally
activated in the grain boundary region. The thermal activation of the atomic motions may result in
the change of the thermal property. Our previous study on the DSC measurement suggested that
the heat capacity of n-Au slightly increased above ~200 K [40]. In the present study, we conducted
more precious DSC measurements of n-Au and n-Ag to investigate the increase in the anelasticity

above ~200 K from the relationship between the heat capacity and the anelastic property.

3.3.1 DSC of n-Au

Fig. 3-3-1(a) shows the heat flow curve of type-L. n-Au (G4L) in as-prepare state, aged state and
annealing state. In as-prepare state, the warm-up measurement from 140 to 300 K was repeated for
2 times. These two DSC curves were very similar to each other and showed a good reproducibility
within the difference drawn by the small bar in the figure. Then, the sample was annealed at 923 K
for 30 min. The grain size after the annealing was larger than 100 nm and the sample after
annealing was regarded as p-Au in present study. The DSC curve of n-Au in the as-prepared state
exhibited an endothermic trend above ~170 K as compared with that of p-Au. In Fig. 3-3-1(a), the
result of sample in the aged state (stored at 260 K for 18 months; d= ~67 nm) is also depicted. The
endothermic tendency of the aged sample was similar to that of as-prepared state, however, the
endothermic deviation started at slightly higher than ~170 K. The deviations in endothermic heat
flow from that of p-Au were calculated for n-Au in as-prepared state and the aged state and the
results are depicted in Fig. 3-3-1(b). The difference in the specific heat from the p-Au value was
calculated and listed in the left axis of the figure. The results in Fig. 3-3-1(b) clearly indicate that
the specific heat of n-Au in the as-prepared state becomes larger than that of p-Au above ~ 170 K. It
was reported that the specific heat of n-Cu and n-Pd was larger than that of p-counterpart from 150
K to 300 K [84]. For the aged n-Au sample, the increase in the specific heat was similarly observed
but the onset temperature of the deviation appeared to be about 190 K, slightly shifted to higher
temperature. The mean grain size of the aged sample was larger than that of as-prepared state but
it remained in nano-range. Since the energetically-unstable grain boundaries are easily
disappeared by aging, the slightly higher shift of the onset temperature indicates the disappearance
of such unstable grain boundaries. If that is the case, the excess specific heat observed above 170 K
is responsible for the grain boundaries. It is known that the metallic glass shows a step-like
increase in the heat capacity at the glass transition temperature (7 during heating [85]. Further,
internal friction of the metallic glass also shows a rapid increase above 7z Therefore, the increased
specific heat of n-Au from ~170K in our study may indicate that a glass-transition-like behavior

was occurred in the grain boundaries.
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Fig. 3-3-1. (a) Heat flow curves of m-Au (G4L) in as-prepared state (red solid line for
the first run, dash black line for the second run), aged state (blue solid line) and
annealing state (black solid line, regarded as p-Au) measured by DSC. (b) Excess
endothermic heat flow of n-Au compared with that of p-Au where the heat flow of n-Au
in as-prepared state is subtracted by that of p-Au. The result of the aged state is also

shown.
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3.3.2 The DSC of n-Ag

In section 3.3.1, the excess endothermic heat flow compared with p-Au was observed for n-Au. We
also conducted DSC measurements of n-Ag from ~140 K to 300 K by the repetition of heating and
cooling process. The heat flow curves of n-Ag in as-prepared state (S5L) and the annealed state are
depicted in Fig. 3-3-2 (a). Compared with the heat flow curve of the annealing state, an excess
endothermic heat flow was observed in as-prepared state above ~150 K in the heating process. In
order to discuss the excess heat flow from annealing state which is close to p-Ag, the heat flow of
nm-Ag after annealing was subtracted from that of n-Ag in the as-prepared state and the result is
depicted in Fig. 3-3-2 (b). The subtracted heat flow curve indicated that the excess heat flow of n-Ag
showed a maximum at ~240 K and then decreased above ~240 K. The heat flow curves were also
measured during cooling from 300 to 140 K. The raw and subtracted curves are also shown in Fig.
3-3-2 (a) and (b), respectively. Similar to the results during heating, the specific heat of n-Ag was
larger than that of p-Ag, however, the maximum in the subtracted curve during cooling is larger

than that during heating above ~200 K and the peak temperature is higher.

The DSC measurement is a very powerful method to investigate the phase transition process of
materials. But the DSC measurement of n-metals is relatively difficult. For n-metals with the
average grain size of ~ 30 nm, the volume fraction of grain boundaries is about 10% under the
assumption that the thickness of the grain boundary is 1 nm. As a consequence, the change in the
heat flow due to the transition of the grain boundaries is weakened by the volume effect. In order to
study the thermal property of n-metals more clearly, the following improvements are highly
suggested in the future study; 1. increasing the volume fraction of the grain boundary by refining
the grain size, ii. increasing the weight of the sample, iii. using power-compensated DSC (more

sensitive than heat-flux DSC used in the present study).
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Fig. 3-3-2. (a) Heat flow curves of type-L n-Ag (S5L) in the as-prepared state (red)
and annealed state (purple) measured by DSC during cooling (solid line) and heating
(dash line). (b) The heat flow of n-Ag after annealing was subtracted from that of
n-Ag in the as-prepared state.
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3.4 Electrical resistivity measurement

Electrical resistivity is a very sensitive method for detecting the crystalline defects and structural
changes in materials, as well as the internal friction and DSC measurements, the state change or

phase transformation can be detected from the anomaly in the electrical resistivity.

3.4.1 Temperature change in electrical resistivity of type-L n-Au

The temperature change in electrical resistivity of type-L n-Au (G7L) in the as-prepared state is
shown in Fig. 3-4-1(a). The results after annealing at 923 K for 30 min, aging at 260 K for 18
months and the temperature dependence of p-Au in literature [86] are also depicted in the figure for
comparison. The mean grain sizes after annealing and aging were ~ 55 and ~74 nm, respectively. It
1s noted that a good reproducibility in the temperature dependence was achieved for each sample in
the as-prepared, annealed and aged states for the repetition of warm-up and cool-down below 300 K.
The electrical resistivity of m-Au in the as-prepared state was much higher than that of p-Au. In
general, the electrical resistivity of n-metals such as n-Pd [4], n-Au [87] as well as n-Gd [88] was
higher than that of p-counterpart. It was also reported that the electrical resistivity of the m-metals
exhibited a grain size dependence. The high electrical resistivity of n-metals was attributed to the
electron scattering by grain boundaries. Compared with the as-prepared state, the electrical
resistivity of the annealed sample became smaller. The electrical resistivity of the aged sample
showed the further decrease from that of the annealed sample. The decrease of the resistivity with
the increase of mean grain size observed in Fig. 3-4-1(a) supports that the high resistivity of n-Au is

induced by the electron scattering by the grain boundaries.

In the temperature range shown in Fig. 3-4-1(a), the electrical resistivity of p-Au increased
linearly with temperature. It is well known that the resistivity of p-metals increases linearly with
the temperature because of the electron scattering by thermally excited phonons [89]. From the
careful observation of the temperature dependence, the electrical resistivity of m-Au did not
increase linearly with temperature; above ~ 130 K, it showed a slight deviation from the linear
increase at low temperatures. The temperature differentiations of the resistivity were calculated to
investigate the temperature dependence in detail and the results are shown in Fig. 3-4-1(b). The
result of the as-prepared state indicated that the slope below ~110 K was kept constant but slightly
decreased with increasing temperature above ~110 K. The resistivity of the as-prepared state
between ~ 115 and ~ 130 K in Fig. 3-4-1(a) were fitted by a linear function of temperature. The
linear function estimated by fitting is shown by the dashed line in Fig. 3-4-1(a) and the deviation
from the linear function is depicted in Fig. 3-4-1(c). The same procedures were also applied to the
resistivity of the annealed and aged states. Figs. 3-4-1(a) and (c) indicate that the resistivity of n-Au
showed a deviatory decrease from the linear function of temperature above ~130 K, the amount of

the deviation decreased with the grain growth. The slight deviatory decrease in electrical resistivity
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reflects some characteristic change in the grain boundary region.
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Fig. 3-4-1(a) Temperature change in electrical resistivity of type-L n-Au (G7L) in

as-prepared state (blue), annealed state (purple) and aged state (green). (b) Temperature

differentiation of electrical resistivity in (a). (c) Deviation of electrical resistivity from the

linear function depicted by the dashed line in (a). In (a), the dashed lines are determined

by linear fitting of the data at low temperatures where the temperature differentiation

was constant in (b).
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3.4.2 Comparison in resistivity between type-L n-Au and type-H n-Au

Fig. 3-4-2 (a) shows the temperature changes in electrical resistivity of G6L (blue), G8L (green)
and G9H (red). As mentioned in 3.4.1, the electrical resistivity of type-L. m-Au decreased with the
increase of grain size by annealing or aging. In Fig. 3-4-2 (a), the electrical resistivity of G8L with
smaller grain size of ~ 32 nm was slightly smaller than that of G6L with larger size of ~ 36 nm. It
indicates that the electrical resistivity of n-metals is governed by not only the volume fraction but
also the characteristics of grain boundaries, such as energy state and the geometrical distribution.
It was reported that the electrical resistivity of n-Cu decreased by relaxation of the grain
boundaries by annealing with keeping the grain size almost same [90]. In Fig. 3-4-2 (b), the
temperature differentiations of electrical resistivity decrease from ~110K, although G8L has a large

distribution as its low analytical capability.

The electrical resistivity of GOH was higher than that of p-Au but smaller than those of type-L
n-Au in spite of the smallest grain size of ~ 31 nm and the highest deposition rate among the three
samples. The results of internal friction indicated that the energy state of the grain boundaries in
type-H m-Au was higher than that of type-L (See Fig. 1-8). Due to the relatively higher grain
boundary energy, the electrical resistivity of type-H n-Au was expected to be higher than that of
type-L m-Au. However, the value of the electrical resistivity of type-H was smaller than type-L. We
found that the deviation of electrical resistivity from the linear increase with temperature was

similarly observed for type-H n-Au as shown in Figs. 3-4-2 (a) and (c).

3.4.3 Electrical resistivity of n-Ag

Fig. 3-4-3 (a) exhibits the temperature changes in the electrical resistivity of type-H n-Ag (S7H)
and type-L n-Ag (S6L). Similar to the results of n-Au, the electrical resistivity of m-Ag was higher
than that of p-counterpart [86]. Similar to the case of n-Au in Fig. 3-4-2(a), the resistivity of type-H
n-Ag was smaller than that of type-L n-Ag in spite of the relatively smaller grain size of type-H.
Further, similar to the case of m-Au, the electrical resistivity of both type-Li n-Ag and type-H n-Ag
showed the deviatory decrease from the linearly increase with increase of temperature (Fig. 3-4-3
(a)). However, the detailed analysis shown in Fig. 3-4-3(c) indicated that the deviation appeared to
start at ~100 K, which is lower than that of n-Au.
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Chapter 4 Discussion
4.1 Glass-transition like behavior of grain boundaries in FCC n-metal

As mentioned in sections 3.2, 3.3 and 3.4, characteristic changes in anelastic, thermal as well as
electrical properties were observed for m-Au and m-Ag at low temperatures. These characteristic
changes of n-Au and n-Ag were summarized in Fig. 4-1-1 and Fig. 4-1-2, respectively. The internal
friction of n-Au and n-Ag started to increase at around 180 K and 120 K, respectively, and both n-Au
and mAg showed a rapid increase linearly with temperature above ~200 K (Figs. 4-1-1(a) and
4-1-2(a), see 3.2 for details). The excess endothermic heat flow compared with the p-counterpart was
found for n-Au above ~170 K and above ~150 K for n-Ag, respectively (Figs. 4-1-1(b) and 4-1-2(b),
see 3.3 for details). The electrical resistivities of 7-Au and n-Ag below room temperature were larger
than those of p-counterpart, on the other hand, the slight deviatory decrease from the linear
increase with temperature started above ~130 K for n-Au and above ~100 K for n-Ag, respectively
(Figs. 4-1-1(c) and 4-1-2(c), see 3.4 for details). These characteristic changes were repetitively
observed by cool-down or warm-up below room temperature. Furthermore, the quantities of these
characteristic changes decreased with the progress of grain growth. It suggests that the grain

boundary regions are responsible for these characteristic changes.

5

4l (a) n-Au in type-L
~ 3
S 2

1

0
B [

[ =

A 5
S~ [ ~
g [ S
< [ 2
= Y g
_

0.2
T 0
G 3
— -0.2
% L
o 04}

-0.6

RN SR N T S T N N T TR S S N S T T
150 200 250 300
Temperature (K)

Fig. 4-1-1. (a) Internal friction (same to Fig. 3-2-7), (b) heat flow curve (same to Fig. 3-3-1) and
(c) deviation of electrical resistivity from the linear increase with temperature (same to Fig.

3-4-1) observed for n-Au below room temperature.
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deviation of electrical resistivity from the linear increase with temperature (same to Fig. 3-4-3)

observed for n-Ag below room temperature.

As already mentioned in 3.3.1 or as shown in Fig. 4-1-3(a), the step-like increase in specific heat
was reported for the metallic glasses at glass transition temperature (73). The increase in the
specific heat indicates the state change from the glass solid to the supercooled liquid state. Further,
the increase in the internal friction and the decrease in the electrical resistivity were also reported
for metallic glass at around the 7. Fig. 4-1-3 (a) shows the electrical resistivity and heat flow curve
reported for PdsoCusoNiioP20 bulk metallic glass [85]. The electrical resistivity gradually decreased
with the increase of temperature and the negative slope became steeper at 7z This relatively
negative temperature coefficient of resistivity below 7; is regard as an inherent variation of the
electron transport at the glass transition in metallic glass [85, 91]. Such a decrease in the electrical
resistivity of metallic glasses was attributed to changes in the structure factor by applying Ziman’s
model for pure liquid metals, and the phonon properties as well as configurational change at 73 [92].
The temperature change in internal friction reported for CussZrasAlsAgs bulk metallic glass [93] is
shown in Fig. 4-1-3 (b). For internal friction measurement of the metallic glass, the internal friction
started the increase at 7; and reached the maximum value slightly above the crystallization
temperature (this irreversible peak is known as the crystallization peak) [94]. The increase in

internal friction and the decrease in dynamic modulus above 7} in Fig. 4-1-3 (b) reflect the phase
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transition of the metallic glass from the solid state to the viscoelastic supercooled liquid state at 7
[93].

The characteristic changes in various properties observed for n-Au (Fig. 4-1-1) and n-Ag (Fig.
4-1-2) below room temperature are qualitatively similar to those of the above mentioned metallic
glasses at around 7. Since no long-range periodic arrangement of atoms is existed in the grain
boundaries, one can expect that the grain boundaries of n-Au and n-Ag behave like the amorphous
alloys. In the early studies, the “amorphous-cement-like” structure was reported for high angle
grain boundaries of n-metal and -Si [17, 29] from the computer simulations. Recently, a string-like
collective atomic motion reported was for the grain boundary of p-materials at 900 K from MD
simulation [24]. Since the string-like collective atomic motion is typical for glass forming liquid, the
glass transition of the grain boundaries is pointed out. Similar string-like atomic motions were also
reported for the grain boundaries of colloidal crystals with grain size of 600 nm by using a confocal
microscopy and MD simulation [31]. Furthermore, shear softening of the grain boundary was
reported for nPd during the deformation and a similarity to shear softening of shear
transformation zones (SZT) in metallic glasses was pointed out [44]. From these reports and the
present results, it is surmised that the grain boundaries in p- and mmaterials possess glassy

behaviors and show the glass-transition like change by temperature.
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Fig.4-1-3 (a). Temperature dependence of electrical resistivity (solid line) and heat flow curve
(dash line) reported for PdsoCusoNiioP20 metallic glass. The inset magnifies the changes of
electrical resistivity and heat flow curve at around the glass transition temperature [85]. (b)
Temperature dependences of relative modulus (A upper panel) and (b) internal friction (O,
lower panel) reported for CussZrssAlsAgs bulk metallic glass. The measurements frequency was
changed from 0.1 to 10 Hz and the measurements were performed at a heating rate of 0.0167

K/s [93]. The dashed lines indicate the glass transition temperature (73) and crystallization

temperature (7%).
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The structural transitions of grain boundary by temperature were reported. Tang showed that an
order-disorder transition in the first-order was induced in grain boundaries below the melting
temperature [26]. A reversible first-order structural transformation at 1000K was reported for
% 5(310) grain boundary of p-Cu from MD simulation [27]. These results suggest the possibility of
the first-order structural transition in the grain boundaries. On the other hand, the gradual
endothermic feature was observed in our DSC measurements (Fig. 4-1-1(b) and 4-1-2(b)) but no
heat flow peaks of the first-order transition. It indicates that the second-order like transition is
occurred in the grain boundaries of m-Au and n-Ag which is analogous to the glass transition of the
metallic glasses. We surmise that the grain boundaries in n-metals turn from a “glassy” state to a
“supercooled-liquid” state at a certain temperature, 7t-gB, as shown in Fig. 4-1-4. In the
supercooled-liquid state above 7:¢-gB, the mobility of atoms in the grain boundaries become active
and the n-metals show large anelasticity. On the other hand, in the glassy state below 7tgs, the
atomic motions in the grain boundaries are frozen like in glass solids and the n-metals become ideal

elastic.

The onset temperatures of the characteristic temperature changes of the grain boundaries in n-Au
and n-Ag were lower than ~200 K. For n-Au, the increase of internal friction started from ~180 K,
the endothermic tendency started above ~170 K and the electrical resistivity slightly deviated from
the linear temperature increased above ~150 K. For n-Ag, the increase of internal friction started
above ~120 K, the endothermic tendency started above ~150 K and the electrical resistivity slightly
decreased from ~100 K. On the other hand, the glass transition of metallic glasses usually occurs at
high temperatures above room temperature. For example, 7z = ~ 670 K was reported for
Pd4oCusoNiioP20 metallic glass [85] and ~ 652 K for CussZrasAlsAgs bulk metallic glass [93] as shown
in Fig. 4-1-3. Also from the computer simulation results, the structural transitions of grain
boundary above 1000K or near melting temperature were reported. It is known that the grain
boundaries of n-metals are mechanically much strained. High strain energies are stored from the
large atomic mismatch between the adjacent grains or from the large deformation induced during
the fabrication [11]. As a consequent, the grain boundaries of mmetals are in energetically
metastable state and the grain growth is induced at lower temperature; in some cases, the n-metals
show the grain growth even at room temperature. It was reported that the activation energy for the
atomic movement in the grain boundaries of Pd was decreased with the increase in the grain
boundary energy [95]. In contrast, z-Au and type-L n-Ag in the present study were thermally stable
and the rapid grain growth was observed by warm-up above 350 K. As mentioned in section 3.1,
mAu and mAg in the present study showed the strong (111) preferred orientation in the
as-prepared state. It was suggested that the structural relaxation was induced at the interfaces
during the deposition of the nanoparticles. The high energy state of the grain boundaries in
n-metals might lead to the much lower onset temperatures of the characteristic changes in n-Au
and n-Ag compared with 7} of the metallic glasses. The strong (111) preferred orientation seems to

stabilize the nanocrystalline structure with such a high energy state of the grain boundaries. The
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characteristic low temperature changes in mAg were quantitatively similar to those of n-Au.
However, the temperature range for n-Ag was lower than that of n-Au. It reflects the smaller grain
boundary diffusion energy of p-Ag (84.43 kJ/mol) than the value for p-Au (110.6 kJ/mol) [80].

In addition to n-Au and n-Ag, Q31,00x Was also reported for other FCC n-metals, such as n-Cu
[72] and n-Al [73]. The investigations of electrical and thermal properties of these FCC n-metals
gain further insights on the characteristic temperature changes of the grain boundaries in

n-metals.

Glass transition in GBs Nanocrystallite

T

Grain boundary

Fig. 4-1-4. Glass transition in grain boundaries of n-metals.
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4.2 Effect of deposition rate on preferred orientation

For noble metals like Ag and Au, the surface (or interface) energy strongly depends on the plane
direction and decreases in the order of the (110), (100) and (111) planes [52]. In the gas deposition
method, it is expected that the nanocrystallites with different orientations are deposited on the
substrate and a n-sample with a fully random texture is formed. However, the prepared n-Au and
mAg showed strong (111) preferred orientation where the <111> direction of almost all the grains
are normal to substrate. It suggests that the deposited nanocrystallites are rearranged on the
sample surface in order to reduce the surface energy by aligning the (111) plane parallel to the
surface. At the low deposition rates, the time for rearrangement of the nanocrystallites is enough
and the (111) preferred orientation is well developed. So type-L samples show the strong (111)
preferred orientation and better thermal stability. In contrast, at the high deposition rates, the
rearrangement is impeded by next coming nanocrystallites so that the (111) preferred orientation is
not progressed as that at the low deposition rates. The plane direction of some nanocrystallites
remained as the deposited state or slightly changed but not fully aligned as the (111) preferred
orientation. It is noted that the n-Ag sample prepared at the extreme high deposition rate showed
the (200) preferred orientation. It is known that Young’s modulus of Ag is lowest along the <100>
direction and highest along the <111> direction. The competition between the interfacial energy and
the strain energy may determine which texture of the (111) or (100) preferred orientations is

attained for m-Au and n-Ag in the gas deposition method.

The annealing behaviors of 7-Au and n-Ag were mentioned in section 3.1 (see Fig. 3-1-6 and Fig.
3-1-10). It is worth noting that the texture of type-L and type-H samples was changed from the
(111) preferred orientation to (100) one by annealing. Further, the similar change of preferred
orientation was also observed for the sample aged at 260 K (see 3.1.6). Such changes in the
preferred orientation were also reported for other m-metals. For bulk n-Ni alloys (Ni-Fe and Ni-W)
prepared by the electrodeposition method, the (111) preferred orientation turned to (100) one by

annealing [96].

It was reported that not only the grain boundary migration but also the grain rotation played an
important role on the grain growth from the MD simulation of FCC metals [97]. Further, our
previous study suggested that the grain rotation was occurred during the creep test without the
grain growth [34]. These results support that the grain rotation of the deposited crystallites can be
occurred at the surface. The rearrangement process by the grain rotation during the deposition is

schematically drawn in Fig. 4-2.
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substrate <111>

grain
boundary

S~ grain
O rotation

G

nanoparticle
(grain)

deposition direction

Fig. 4-2. Proposed model for the strong (111) preferred orientation
formed by gas deposition method. Nanoparticles with different
orientations (indicated as different colors) are deposited on the
substrate. The grain deposited on the substrate can rotate as the energy
of interface or grain boundaries become lower (in the figure, the (111)
preferred orientation is the energetically favorable because of the

lowest interface energy of the (111) plane).
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4.3 Effect of deposition rate on grain boundary

As mentioned in Chapter. 2, two types of n-metal samples were prepared by gas deposition method
with controlling the deposition rate. Their differences in various properties were described in

Chapter. 3. These observed results are summarized in Table 4-1.

Table. 4-1. Comparison of thermal stability, internal friction and electrical resistivity between

type-H and type-L samples.

type-H type-L type-H type-L
GB energy high low high low
Thermal stability low high low high
internal friction high low high* low
electrical resistivity low high low high

*: the value was estimated according to the results of n-Au, the exact value was still not clear

The grain boundaries of type-H samples are in the higher energy state compared with those of
type-L samples, because type-H samples are thermally unstable relative to type-L samples. It was
reported that the grain growth of type-H n-Au started at ~350 K while for type-L n-Au at ~400 K
[51]. Furthermore, the present study suggested that the grain growth of type-H n-Ag occurred even
at room temperature. One of the grain growth process is the curvature-driven grain boundary
migration which is typically occurred for high angle grain boundaries [97] and the excess energy in
grain boundary regions is released [98]. For n-Au, it was reported that internal friction of type-H
showed larger Q32,,x compared with type-L [37]. It is known that dynamic properties of the grain
boundary, like grain boundary sliding, migration and diffusion, strongly depend on the grain
boundary energy[30] and the structure (like misorientaiton angle)[99]. Large Q331,,x reflects that
the grain boundaries are energetically unstable. It was reported that the plastic creep responses of
mAu were very similar between type-H and type-L, but the steady-state creep rate of type-H was
larger than that of type-L compared at the same applied stress [43, 56]. It also support that the
grain boundary energy in type-H is higher than that of type-L.

Since the grain boundary energy of type-H is higher than type-L, it is expected that the grain
boundaries of type-H are “non-equilibrium” compared with those of type-L; the fraction of high

angle grain boundaries and the concentration of the excess free volume are larger. It was reported
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that electrical resistivity of ultrafine grained Al fabricated by high-pressure torsion was decreased
by annealing. It was attributed to the grain boundaries relaxed from non-equilibrium state to
equilibrium state without grain growth, where the resistivity of the non-equilibrium grain
boundaries was at least 50% higher than that of thermally equilibrium grain boundaries in p-Al
[100]. In addition, the electrical resistivity of n-Cu decreased by the relaxation of grain boundaries
even without grain growth by annealing [90]. However, our results showed a contradiction with
these results. In both n-Au and n-Ag, the electrical resistivity of type-L samples was higher than
the value of type-H in spite of that the grain boundaries of type-L is thermally more stable than
those of type-H. Most of the grains of n-Au and n-Ag prepared by the gas deposition method align as
the (111) plane parallel to the sample surface (strong (111) preferred orientation). Along the
directions of the sample surface, it was reported that the crystallographic direction of the grains
was randomly distributed [43]. These observations indicate that the macroscopic electrical
resistivity of n-Au and m-Ag much depends on texture such as the geometrical distribution of the

grain boundaries.

It was reported that the geometry (like the plane orientation and mismatch angle) of the grain
boundary played an important role on the character [101]. It is known that 72-Au and n-Ag showed
the strong (111) preferred orientation. Further, the surface or interface energy of the (111) plane is
lowest for these noble metals. When two crystallites jointed on the (111) plane which are mirror
images of each other, an energetically stable and coherent (111) twin boundary can be formed. The
differences in the thermal stability and the preferred orientations after grain growth between
type-L and type-H indicate that thermally stable grain boundaries and the high energy grain
boundaries are differently configured in them. To elucidate the different properties observed
between type-H and type-L, we propose a model for the geometrical distribution of the grain
boundaries as illustrated in Fig. 4-3. For the simplicity, only grains with the <111> direction being
normal to the sample surface and those with <100> one are depicted. Fig. 4-3 (a) shows the grain
distribution of type-L in the as-prepared state. From the quite strong (111) preferred orientation,
the grain boundaries parallel to the sample surface are mainly the energetically stable boundaries
like the (111) twin boundary. Due to the sandwiched texture by the stable grain boundaries (as
indicated by blue segments in Fig. 4-3(c)), type-L samples show high thermal stability. In contrast,
the grain boundaries perpendicular to the sample surface (as indicated by red segments in Fig. 4-3
(c)) are considerably disordered and strained in order to achieve the quite strong (111) preferred
orientation. Due to the two-dimensional like structure, type-L showed the normal grain growth as
depicted in Fig. 4-3 (e). On the other hand, the (111) preferred orientation of type-H is not as strong
as type-L and the crystallites of which (100) plane are parallel to the sample surface are existed (Fig.
4-3 (b)). The configuration of the stable or unstable grain boundaries are rather randomly
distributed compared with type-L, as shown in Fig. 4-3 (d). As already mentioned, the
rearrangement of the crystallites deposited on the surface is not enough progressed in type-H and

the high energy and stable grain boundaries are rather randomly distributed in type-H (Fig. 4-3 (d)).
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The crystallites with the <100> orientation are surrounded by the high energy grain boundaries
and the preferential grain growth is assisted. Hence type-H showed abnormal grain growth with

the (100) preferred orientation as shown in Fig. 4-3 (f).

Most of the grain boundaries perpendicular to the sample surface are high energy ones in type-L
(Fig. 4-3 (c)) whereas the high energy and stable grain boundaries are distributed in the case of
type-H (Fig. 4-3 (d)). It is expected that the scattering of the electrons passing the specimen length
direction is larger for the case of type-L (Fig. 4-3 (c)) than that of type-H (Fig. 4-3 (d)). It is surmised
that the higher electric resistivity was observed for type-L samples compared with type-H; the
electron scattering is larger due to the anisotropic distribution of the high energy grain boundaries
as shown in Fig. 4-3 (¢). On the other hand, Q31,,x observed for type-H was larger than for type-L.
The flexural vibration of the ribbon specimen was used for the present measurement and the tensile
and compressive stresses were applied along the specimen length direction. It is expected that the
sliding motion of grain boundaries are mainly induced along the specimen length direction in this
geometry. Since the grain boundaries along the specimen surface in type-L are thermally more
stable, smaller grain boundary anelasticity is expected for type-L. In future work, the grain

boundaries distribution analysis from EBSD is highly suggested.
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Fig. 4-3. Proposed model for the distributions of the grains and grain boundaries in (a)
type-L and (b) type-H samples. The grains of which the <111> orientation is normal to the
sample surface are indicated in blue and <100> ones in red. In the figures, high energy
grain boundaries are indicated by red segments and low energy grain boundaries are
indicated by blue segments. Changes in texture of type-L and type-H by annealing are
shown in (e) and (f), respectively. The mauve arrows in the middle panel indicate the

direction of the current at the electrical resistivity measurement.
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4.4 Effect of deposition rate on crystallite

N-materials can be regarded as nanocrystallites adhered by the grain boundaries. As mentioned in
previous section 4.1, the grain boundaries of n-Au and n-Ag show glass transition like behavior
below 200 K. Further, the geometrical distribution of the high energy and stable grain boundaries is
different between type-L and type-H, and it is governed by the deposition rate. Most researches
paid attentions to the behaviors of the grain boundaries but not so much to the state of the
crystallites. However, if the glass-transition like behavior is thermally induced at the grain
boundaries, some changes are induced in the crystalline state of the grains. We revisit the results of
the low temperature XRD measurement (see section 3.1.7) to pursue the influence of the change in

the grain boundary state on the grains.

As mentioned in 3.1.7, the lattice parameters of n-Au and n-Ag showed monotonous temperature
increases with increasing temperature for both type-L and type-H, and no anomaly was observed in
the temperature range 100-200 K where the characteristic changes were observed in anelastic,
thermal and electrical properties. However, the temperature coefficient of the lattice parameter was
slightly smaller for type-H samples than for type-L samples. The lattice parameters of both type-L
and type-H were smaller by ~0.01% than that of p-counterpart at room temperature. At around 40
K, the lattice parameter of type-L was smaller by ~0.01% than that of p-counterpart while that of
type-H was almost same to the value of p-counterpart. These temperature changes in the lattice

parameters are simplified and summarized in Fig. 4-4-1.

p-counterpart
type-H
type-L

Lattice parameter(A)

Temperature(K)

Fig. 4-4-1. Simplified temperature dependence in lattice parameter of n-metals (red line for

type-H, blue line for type-L and black line for p-counterpart).

It was reported that the thermal expansion at the grain boundary regions was about 4 times larger
than that of the grains [4]. The thermal expansion coefficient larger than p-counterpart was
reported for /BN [16] and n-Fe [17]. It was indicated that the vibrational kinetic energy of atoms
at the grain boundaries was higher than that of the crystallite atoms. Since the energy state of the

grain boundaries is higher for type-H than for type-L, the grain boundaries of type-H are expected
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to have higher vibrational kinetic energy. However, type-H showed the thermal expansion

coefficient lower than that of type-L or p-counterpart.

On the other hand, it was reported that lattice expansion was observed in the mn-materials
prepared in non-equilibrium method; the lattice expansion was attributed to the stress field
induced by excess free-volume in non-equilibrium grain boundaries [57]. As already mentioned, the
grain boundaries of type-H is in more “non-equilibrium” state than that of type-L. The
non-equilibrium state of grain boundary was related with the excess free-volume and became more
energetically unstable with the increase in the fraction of free-volume [102]. If grain boundaries of
type-H contained more excess free-volume than those of type-L, the temperature change of lattice
parameter of type-H is relatively smaller than type-L just like our results. Lattice parameter of
type-H increased with decreasing the temperature, indicating that excess free-volume increased
correspondingly. The vacancy-type defects in crystallite may play a role as “source” of the excess
free-volume of grain boundaries: the vacancy-type defect migrated from crystallite to grain
boundaries. However, it was hard to explain the reproducibility of the lattice parameter by warm-up
and cool-down, because the migration of vacancy-type defects between grain boundaries and

crystallite was not reversible.

For another possibility, the smaller thermal expansion of

type-H may suggest a change in the atomic potential from In crsytallite

the p-counterpart. The potential energy curves for type-H

and p-counterpart are illustrated in Fig. 4-4-2 to explain

type-H

the change in the thermal expansion. If the curvature

E(r)

near the potential minimum becomes shaper (red curve),

the increase in mean distance by thermal agitation is

smaller. It was reported that the lattice variation in the p-counterpart

n-materials was affected by the processing method [57]. R

As shown in Fig. 4-4-2, the behavior of the temperature

. . . .. Fig. 4-4-2. Ch i tential
change in lattice parameter is different by the deposition 18 ange in potentia

. t lain the d
rate for m-Ag and n-Au. However, the details of the effect energy curve to expiain the qecrease

.. . . in the th 1 ion.
of deposition rate on the lattice parameter and its th the thetma expansion
temperature change are still not clarified and further

investigations are needed.
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Chapter 5 Conclusion

High density and high purity n-Au and n-Ag were prepared by the gas deposition method and the
anelastic, electrical and thermal properties were measured to characterize the intrinsic behavior of
n-metals. A rapid increase in internal friction, an excess endothermic heat flow and a decrease in
electrical resistivity were observed below room temperature for both m-Au and m-Ag. These
characteristics changes were similarly observed for repetition of the cool-down and warm-up
measurements below room temperature. These changes were quite similar to those reported for
metallic glasses at glass transition temperature. It is indicated that the glass transition like
behavior is thermally activated in the grain boundaries of FCC n-metals. Our observed results

support the glass-like behaviors of grain boundaries reported from computer simulations.

N-Au and n-Ag prepared by the gas deposition method exhibited slight different properties and
texture and they were divided into two types by the deposition rate of nanoparticles; type-L and
type-H prepared at the lower and higher deposition rates, respectively. For example, type-L
mmetals showed the stronger (111) preferred orientation and higher thermal stability compared
with type-H. It is suggested that the geometrical distribution of high energy and low energy (or
thermally unstable and stable) grain boundaries are different between type-L and type-H resulted
in the slight different texture and properties. Further, the origin of the difference in texture is
attributed to the relaxation process of the nanoparticles at the deposition. The relaxation does not
well proceed at the high deposition rate. Hence, relatively high energy or thermally unstable state

is attained in type-H compared with type-L.
The results of the present study indicate that the grain boundaries of n-metals are not same as

those of p-counterparts and the nm-metals can possess characteristic properties owing to the unique

grain boundary behaviors different from p-counterparts.
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