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Chapter 1 Introduction  

 

 

 

 

 

1.1 Titanium and titanium alloys 

Titanium and its alloys are relative newcomers to the field of structural materials compared with steel 

and aluminum alloys. The high strength-to-density ratio and the excellent corrosion resistance in titanium 

and its alloys make them more and more attractive for a variety of applications [1]. The comparison of 

strength-to-density ratio of different alloys is shown in Fig. 1.1. The applications of Ti and its alloys include 

aircraft (high strength in combination with low density), aero-engines (high strength, low density and good 

creep resistance to about 550 oC), biomedical devices (high corrosion resistance and high strength) and 

components in chemical processing equipment (corrosion resistance). The relatively high cost of titanium 

alloys initially limits their wider use, for example in automotive applications. To minimize the inherent cost 

problem, successful applications must take advantage of the special features and characteristics of titanium 

alloys that differentiate them from competing engineering materials. This requires a more complete 

understanding of titanium alloys, including the interplay between cost, processing methods and performance. 

 

Fig. 1.1 Strength-to-density of different alloys [2]. 

 

1.1.1 Crystal structure in pure Ti 

There are two types of crystal structures can be obtained in pure Ti. When the temperature is higher than 

882 oC, it exhibits a body-centered cubic (BCC) crystal structure, namely b phase. When the temperature is 

lower than 882 oC, it exhibits a hexagonal close-packed (HCP) crystal structure, namely a phase [1]. In other 
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words, an allotropic phase transformation occurs at 882 oC. The crystal structure of a phase and b phase is 

respectively shown in Fig. 1.2(a) and (b). The lattice parameters for pure a Ti at room temperature is 

a=0.295 nm and c=0.468 nm. The resulting c/a ratio is 1.587. The c/a ratio is influenced by the interstitial 

and substitutional elements and its value is usually smaller than the ideal c/a ratio of 1.633 for the HCP 

structure. There are three types of most densely packed lattice planes: the basal (0002) plane, the three 

prismatic {10ρ0} plane and the six pyramidal {10ρ1} plane. The close-packed direction is <11ς0>. The 

lattice parameter for pure b Ti at 900 oC is a=0.332 nm. There are six most densely packed {110} planes, and 

the close packed directions are the four <111> directions. 

 

Fig. 1.2 Crystal structure of (a) HCP a phase and (b) BCC b phase [1]. 

 

1.1.2 Alloying elements 

The alloying additions can alter both the a/b transformation temperature and different elements can 

result in different mechanical properties of Ti alloys [1]. Depending on whether the alloying elements 

increase or decrease the a/b transformation temperature, they are usually classified into a or b stabilizers.  

The substitutional element Al and the interstitial elements O, N and C are all a stabilizers which can 

increase the a/b transus temperature with increasing the solute content, as shown by the schematic phase 

diagram in Fig. 1.3(a). Because Al is the only common metal which can raise the transition temperature and 

has large solubility in both the a and b phases, Al is the most widely used alloying element in Ti alloys. 

Generally, the Al content in multi-component Ti alloys is limited to about 6%, because the formation of a 

brittle Ti3Al (a2) phase at a higher content of Al can lead to a decrease in ductility. The different content of 

oxygen as an alloying element in Ti is used to obtain the desired strength level. This is especially true for the 

different pure Ti. Other a stabilizers, such as B, Ga, Ge and the rare earth elements, are not used commonly, 

because of their much lower solubility as compared to Al and O. In order to express the effect of a stabilizers 

in multicomponent Ti alloys, an equivalent Al content was made by the following equation [3]: 
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][10][33.0][17.0][][ OSnZrAlAl eq +++=     (Eqn. 1.1) 

Other alloying elements, such as V, Mo, Nb, Hf, Ta, Mn, Cr, Cu, Ni, Fe, Co, Au, Ag, W, Pt and Pb, can 

decrease the a/b transus temperature with increasing the solute content and thus are known as b stabilizers. 

They are usually transition metals and noble metals in the periodic table which have unfilled or just-filled 

d-electron bands. These b stabilizers can be further divided into b isomorphous elements (in case of V, Mo, 

Nb, Hf and Ta) and b eutectoid forming elements (in case of Mn, Cr, Cu, Ni, Fe, Co, Au, Ag, W, Pt and Pb), 

depending on whether or not a solid solution / eutectoid compound exists at a sufficiently elevated 

temperature. Both types of phase diagrams are shown schematically in Fig. 1.3(b) and (c). Similarly to a 

stabilizers, the effect of b stabilizers were also expressed in terms of Mo equivalency depending on the 

amount of binary additions required to suppress the martensitic start temperature to go below room 

temperature. The equivalent equation is as follows [3]: 

][5.2][7.1][7.1

][25.1][25.1][67.0][4.0][28.0][2.0][][

FeCoMn

NiCrVWNbTaMoMo eq

+++

++++++=
    (Eqn. 1.2) 

In addition, there exist some elements, such as Zr, Hf and Sn, which have behave more or less neutrally 

(as shown in Fig. 1.3(d)), because they lower the a/b transformation temperature slightly but again increase 

it at higher concentrations. Zr and Hf are isomorphous with Ti and they exhibit allotropic phase 

transformation from b to a. Because of the chemical similarity of Zr to Ti, Zr is considered as a stabilizer. 

Sn on the other hand belongs to the b eutectoid forming elements but has no effect on the a/b transformation. 

But Sn is also considered as a stabilizer because Sn can replace Al in the hexagonal ordered Ti3Al (a2) 

phase. 

 

Fig. 1.3 Effect of alloying elements on phase diagrams of Ti alloys (schematically): (a) a stabilizers, (b) b 

isomorphous elements, (c) b eutectoid elements and (d) neutral elements [1]. 

 

1.1.3 Alloy classification 

Commercial Ti alloys are classified conventionally into three different categories: Ŭ alloy, Ŭ+ɓ alloy and 

ɓ alloy, depending on the equilibrium phases at room temperature and metastable phases in as-quenched state, 

as shown in Fig. 1.4. 
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Fig. 1.4 Pseudo-binary section through a b isomorphous phase diagram (schematically), showing three types 

of Ti alloys [1]. 

 

1.1.3.1 Commercially pure (CP) a and a alloys 

Alloys in this group include the various grades of CP Ti and alloys which contain only small amounts of  

a stabilizers, such as Fe and V. The microstructure mainly consists of a phase with a small amount of b 

phase presented to pin the grain boundaries [1]. The b phase is helpful in controlling the recrystallized a 

grain size and improves the hydrogen tolerance of these alloys. While all a alloys offer good corrosion 

resistance due to the stable oxide layer on the material, CP Ti does not meet the strength requirements for 

some applications due to the lack of solid solution strengtheners. a alloys usually exhibit good weldability 

due to a lack of response to heat treatment and are good for cryogenic applications as they do not have a 

ductile-to-brittle transition. In addition, some Ŭ alloys have good creep strength are preferred for elevated 

temperature applications up to about 400°C . The formability of a alloys is not good due to the hcp structure 

of a phase which require a high stress to activate the non-basal slip systems. 

 

1.1.3.2 a+b alloys 

The a+b alloys consist of a mixture of Ŭ and ɓ phases. In this kind of Ti alloys, Ŭ stabilizers are used to 

stabilize and strengthen the Ŭ phase while ɓ stabilizers with an amount of about 4-6% to allow considerable 

amounts of ɓ phase to be retained at room temperature after quenching from the ɓ or Ŭ+ɓ phase fields. The 

alloys with a lower content of b stabilizers have high weldability while the alloys with a higher content of b 

stabilizers have high hardenability but low weldability. The a+b two phase field enables various heat 

treatments to be done, such as annealing, air cooling or quenching from the b or a+b phase fields. The a+b 

alloys can be further strengthened by solution treatment and aging, resulting in a variety of 
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microstructure/property combinations. The combination of the characteristics of a and b phases gives these 

alloys an attractive balance of properties, including a useful combination of strength, ductility, fatigue and 

fracture properties [1]. The a+b alloys can provide a weight savings in place of the lower strength aerospace 

type steels and have very superior corrosion resistance to Al  alloys and low alloy steels. The a+b alloys are 

the most widely used Ti alloys for commercial applications. And the Ti-6Al-4V alloy is the workhorse of Ti 

industry because it accounts for about 60% of the total Ti production [4]. 

 

1.1.3.3 b alloys 

The b alloys are those alloys which contain sufficient b stabilizers and can avoid martensitic 

transformation but retain a fully b structure when quenched from the b phase field. b alloys can be divided 

into stable b alloys which are non-hardenable and metastable b alloys which are hardenable and metastable b 

alloys are commonly used. Metastable b alloys exhibit high strength, which is controlled by the dispersion of 

a phase in the ɓ matrix and good formability as a result of the simple body-centered cubic (bcc) structure in 

the as-quenched condition. The corrosion resistance is good and in some aspects better than a+b alloys due 

to the high hydrogen tolerance of the b phase. But metastable b alloys have poor high temperature creep and 

oxidation resistance except in the case of b-21S [5]. Currently these alloys are being used in aerospace 

applications and are emerging in the biomedical field due to their biocompatibility and useful range of 

bio-compatible mechanical properties. The usage in the aerospace will be talked later. 

The properties for the three types of Ti alloys are summarized in Fig. 1.5. For CP a and a-Ti alloys, 

they usually have high youngôs modulus, high creep strength and high weldability. For b-Ti alloys, they 

usually have high heat-treatment sensitivity, high static strength, high fracture toughness and high 

formability at room temperature. 

 

Fig. 1.5 Some properties for the three types of Ti alloys. 
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1.1.4 Phase transformation in metastable b-Ti alloys 

Different phases can exist in b-Ti alloys depending on various factors, such as temperature, pressure, 

cooling rate and alloying additions. However, they can be broadly classified into equilibrium and 

non-equilibrium phases depending on whether enough time has been allowed to reach steady state conditions 

[1, 6, 7]. Equilibrium phases form only when sufficiently long time is given for phase transformation to reach 

the steady state conditions and will have the lowest possible Gibbs free energy. In b-Ti, there are two major 

equilibrium phases, namely a phase and b phase. Non-equilibrium phases essentially will represent either a 

local minima of the Gibbs free energy or can be a ñfrozenò unstable equilibrium state of the alloy due to 

kinetic constraints. Such non-equilibrium phases can be formed in thermal treatments faster than the 

treatment conditions required to form equilibrium phases. In b-Ti alloys, w phase is one of the metastable 

phases. These higher free energy phases will transform to lower free energy equilibrium phases on 

availability of sufficient time and energy for the transformation. 

 

1.1.4.1 b to w phase transformation 

The metastable w phase can be classified into athermal w phase and isothermal w phase. The crystal 

structure of athermal w phase and isothermal w phase is essentially the same. The athermal w phase is 

formed by quenching from the high-temperature b phase field. The formation of athermal w phase is a 

diffusionless process, by the collapse of the {111} planes of the BCC phase via a displacive shuffle 

mechanism, retaining the composition of the parent b matrix [8-10]. The isothermal w phase is usually 

formed by isothermal aging of b-Ti alloys below the w-transus temperature. The formation mechanism of 

isothermal w phase by the collapse of the {111} BCC planes is the same as that in athermal w phase. But the 

formation of isothermal w phase is a thermally-activated process involving diffusional composition 

partitioning [8, 11]. Fig. 1.6 shows the schematic diagram of the b to w phase transformation by atomic 

collapse. The atom on layer 1 and layer 2 move to the position of layer 1.5 after the plane collapse. The w 

phase exhibits two slightly different structures, namely as hexagonal symmetry (ideal w) and trigonal 

symmetry (rumpled w). The w phase exhibits hexagonal symmetry when the collapse of {111} BCC planes 

is completely and the w phase exhibits trigonal symmetry when the collapse of {111} BCC planes is partially 

[12, 13]. 

It is well known that the w phase does not grow arbitrarily from the b matrix. The orientation relation 

between w phase and b phase can be described as [0001]w // (111)b and <11ς0>w // <011>b. From this 

orientation relationship, the lattice parameter of ideal w phase can be defined as follows: 

bw aa 2=  and ( )bw ac 23=     (Eqn 1.3) 

In addition, there are four crystallographic variants of the w phase in the b matrix because of the four sets of 

<111> directions [8]. The presence of w phase in the b matrix can be seen by the electron diffraction patterns 

along [113] and [10ρ] zone axis and all the four w variants can be found along the [113] zone axis. In general, 
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the formation of these four w variants is equal except in special cases, such as deformation or stress 

relaxation where preferential growth or reversion of certain w variants may occur [14]. 

 

Fig. 1.6 Schematic diagram of the b to w phase transformation by atomic collapse [8]. 

 

  

Fig. 1.7 (a) ellipsoidal morphology of isothermal w phase in Ti-15Mo (mass%) alloy, (b) cuboidal 

morphology of isothermal w phase in Ti-20V (mass%) alloy [21]. 

 

Both the athermal w phase and isothermal w phase are very fine. The size of athermal w phase is 

ranging from several nanometers to around 20 nanometers in diameter. The isothermal w phase is usually 

larger than the athermal w phase depending on the aging temperature and aging time. In addition, the 

athermal w phase can transform to isothermal w phase by aging. The formation of isothermal w phase upon 

aging is accompanied by a shift of the lattice parameter of b phase because of the enrichment of alloying 

elements in the b phase [15]. The isothermal w phase has either an ellipsoidal or a cuboidal morphology 
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depending on the precipitate/matrix misfit [16-20]. The misfit is small in Ti-Mo and Ti-Nb alloys and the 

ellipsoidal morphology of w phase is determined by minimizing the anisotropic surface energy. In contrast, 

in Ti-V, Ti-Mn, Ti-Fe and Ti-Cr alloys the misfit is large and cuboidal morphology of w phase is formed by 

minimizing the matrix elastic strain. The isothermal w phase with an ellipsoidal or a cuboidal morphology is 

respectively shown in Fig. 1.7(a) and (b). Blackburn et al. [16] also reported that the w phase should be 

ellipsoidal in nature when the misfit was below 0.5% and be cuboidal when the misfit was higher than 0.5%.  

 

1.1.4.2 b to a phase transformation 

The b to a phase transformation is a diffusional process, requiring partitioning of alloying elements 

between a phase and b phase. The mechanical properties of metastable b-Ti alloys not only depend on the b 

phase matrix but, more importantly, depend on the a precipitates. The volume fraction, particle size, 

distribution and morphology of a precipitates are important microstructural parameters which can have 

pronounced effects on the mechanical properties [22-24]. Because of the strong influence on the mechanical 

properties of metastable Ti alloys, the nucleation and growth of a phase has been of great interest to 

numerous studies. However, controlling the precipitation of a phase as well as designing thermomechanical 

processes to obtain required high-level mechanical properties is still a widely known challenge. 

During the formation of a phase, an orientation relationship is usually found between a phase and b 

matrix. The orientation relationships are preferred in order to minimize the interfacial energy. The most 

commonly observed orientation relationship between a phase b matrix is Burgers orientation relationship 

which can be described as {0001}a // {011}b; <11ς0>a // <1ρ1>b [25-27].  Each of the a phase with 

different orientation is called as a different variant and there are totally twelve a variants. One of the a 

variants with Burgers orientation relationship is shown in Fig. 1.8. In addition, some other orientation 

relationships have also been observed, including Pitsch-Schrader [28], Potter [29] and Rong-Dunlop [30]. 

 

Fig. 1.8 Schematic presentation of Burgers orientation relationship between a phase and b matrix [26]. 
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The a phase can be classified to three types depending on the nucleation sites, including the grain 

boundary a phase, intergranular a phase and intragranular a phase. The three types of a phase are indicated 

in Fig. 1.9, which shows the precipitation of a phase in Ti-5Al-5Mo-5V-3Cr (mass%) alloy after solution 

treatment at 850 oC for 3.6 ks and aging at 600 oC for 3.6 ks. Grain boundary a phase nucleates and grows 

along the b grain boundary. It is also named as allotrimorph a phase. One study on Ti-Cr alloys indicated 

that the grain boundary a phase was postulated to be formed by kink-on-edge mechanism [31]. Intergranular 

a phase nucleates at the b grain boundary or grain boundary a phase, growing into the interior of b grain and 

showing a lath shape. The intergranular a phase can have either the same or different orientations with the 

grain boundary a phase. The intergranular a phase with the same orientation as the grain boundary a phase 

is expected to be formed due to the instability of the a/b interface (between the grain boundary a and b 

matrix) formed by perturbation wavelength [32, 33]. The intergranular a phase with different orientation as 

the grain boundary a phase is expected to be formed by sympathetic nucleation mechanism. Sympathetic 

nucleation is defined as the nucleation of a precipitate crystal at an interphase boundary of a crystal of the 

same phase when these crystals differ in composition from their matrix phase throughout the transformation 

process [34]. For the intragranular a phase, the nucleation sites include the metastable phase such as w phase 

[16, 35, 36] and defects such as vacancies and dislocations [37]. The intragranular a phase can also be 

divided into primary a phase and secondary a phase depending on the thermal mechanical processing 

sequence and the particle size [38]. Usually, the primary a phase forms earlier than the secondary a phase 

and has larger particle size. In b-Ti alloys, the a phase can be acicular shape or equiaxed shape. The acicular 

a phase as a transformation product upon aging is the most common. It is the result of the nucleation and 

growth of a phase maintain a specific crystallographic orientation with surrounding b matrix [27]. The 

equiaxed a phase is likely to be formed in severely deformed samples which have a high density of 

dislocations [37, 39-41]. 

 

Fig. 1.9 Three types of a phase precipitated in Ti-5Al-5Mo-5V-3Cr (mass%) alloy after solution treatment at 

850 oC for 3.6 ks and aging at 600 oC for 3.6 ks. 
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1.1.4.3 Nucleation of a from w phase 

At low isothermal aging temperatures, the athermal w phase can undergo coarsening and act as 

uniformly distributed heterogeneous nucleation sites for a phase [16, 35, 36]. The w-assisted heterogeneous 

nucleation results in a relatively large number of a precipitates which distribute in the b matrix uniformly.  

Furthermore, these a precipitates usually are of a fine particle size. The uniform distribution of fine a 

precipitates causes considerable strengthening of metastable b-Ti alloys. 

Recently, different mechanisms have been proposed describing the role of w phase in the nucleation of 

a phase. In case of the systems where the w/b interfaces have a large misfit, a precipitates nucleate on the 

ledges and misfit dislocations at the w/b interfaces [16, 42, 43]. As mentioned above, the w phase in this 

system exhibits a cuboidal morphology and loses the coherency with the b matrix. However, there are 

considerable controversies about the w-assisted nucleation of a phase in low w/b misfit systems where the w 

phase exhibits an ellipsoidal morphology.  

1. Detailed studies on Ti-6.8Mo-4.5Fe-1.5Al (mass%) alloy indicated that the a phase nucleates near, 

but at a certain distance from the w/b interfaces [44]. The local rejection of Al element, which is w 

destabilizer but a stabilizer, from w phase during the isothermal aging aids the precipitation of a 

phase in the vicinity of the w phase. Such local enrichment of Al elements in the vicinity of 

isothermal w phase has been confirmed by the atom probe analysis [45]. This is a possible 

mechanism for the nucleation of a phase in association with w phase in low misfit w/b systems. 

2. a nucleates in the core of w phase by a displacive transformation and consumes the latter during its 

growth [35]. This was suggested by high-resolution transmission electron microscopy (HPTEM) 

studies. However, it is should be noted that such a displacive mechanism should not be the only 

mechanism. Otherwise, the propensity of w phase to act as potential nucleation sites for a phase 

should not be influenced by the w/b misfit. 

Recent study in Ti-5Al-5Mo-5V-3Cr (mass%) alloy by TEM and 3DAP indicates that a thermally 

activated diffusional process leads to the initial portioning of alloying elements during the isothermal 

coarsening of w phase, resulting in the creation of favorable sites, marginally enriched in Al, for the 

nucleation of a phase. Subsequently, the a phase nucleates by a primarily displacive process, with a 

composition marginally enriched in Al as compared with the parent b matrix. Then the a phase grows via a 

coupled displacive-diffusional process with the diffusional portioning of the alloying elements being 

rate-controlling [36]. 

 

1.1.5 Metastable b-Ti alloys in aerospace industry 

The first used b-Ti alloy on the aerospace industry was Ti-13V-11Cr-3Mo alloy on the Lockheed SR-71 

Blackbird in the 1960s [46]. 93% of the aircraft was Ti and the majority of it was Ti-13V-11Cr-3Mo alloy. In 

the 1970s, metastable b-type Ti-13V-11Cr-3Al alloy was used as springs on commercial aircraft, but the 
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volume was small [5]. Metastable b-Ti alloys were used in significant amounts in 1980s. Over 250 parts per 

ship were fabricated from Ti-15V-3Cr-3Al-3Sn sheet. Compared with Ti-6Al-4V alloy, Ti-15V-3Cr-3Al-3Sn 

alloy had a lower cost and a better formability. In addition, it could be heated treated to obtain a high tensile 

strength of 1034 Mpa or higher. This alloy was used extensively in the nacelles and to form sine-wave spars 

for the empennage [5]. 

In the early 1990s, metastable b-Ti alloys were applied on Boeing 777 [5]. The most extensive usage 

was the high-strength Ti-10V-2Fe-3Al (Ti-1023) forgings in the structures of landing gear with a minimum 

ultimate tensile strength of 1193 MPa. This led weight savings and extended life due to the improved 

corrosion resistance of the b-Ti alloy compared with the high-strength low-alloy steel. There were over 200 

Ti-1023 part numbers on the Boeing 777. Formed Ti-15V-3Cr-3Al-3Sn sheets were used in environmental 

control system ducting, clips and brackets, and floor support structure. It also was used for clock-type springs 

with a minimum ultimate tensile strength of 1034 MPa. Ti-3Al-8V-6Cr-4Mo-4Zr (b-C) alloy with a 

minimum ultimate tensile strength of 1240 MPa was used for coil-type springs. 

Ti-14.7Mo-2.7Nb-3Al-0.27Si (b-21S) alloy with excellent oxidation resistance, improved creep properties 

and good resistance to attack by thermally decomposed hydraulic fluid was used for high-temperature 

applications. 

So it is evident that metastable b-Ti alloys are increasingly used in the aerospace industry in the past 

few decades. Also a lot of work is in progress to try to optimize the properties of these alloys or to design 

new metastable b-Ti alloys. For example, Ti-5Al-5Mo-5V-3Cr (Ti-5553) alloy is a recently developed 

metastable b-Ti alloy and will be in place of Ti-1023 alloy in some applications of Boeing 787. This alloy is 

the focus of the present work. 

 

1.1.6 Mechanical properties in metastable b-Ti alloys 

Typically, there are two deformation modes for the as-quenched b-Ti alloys which retain a fully b phase 

structure, including the {332}  <113> twinning and the conventional dislocation slip [47]. The {332} <113> 

twinning occurred in metastable b titanium alloys is not observed in other metals and alloys with BCC 

structure, in which usually {112} <111> twinning happens. The presence of {332} <113> twining was first 

confirmed and regarded as stress-induced transformation in a Ti-15Mo-6Zr-4Sn (mass%) alloy by Blackburn 

and Feeney [48] depending on the TEM analysis. Then a series of studies was carried out by Hanada and 

Izumi [49] on the deformation modes of metastable b titanium alloys and demonstrated that the occurrence 

of {332} <113> twinning was closely related to the stability of b phase with respect to athermal w phase. For 

the {332} <113> twinning system, there are 12 different variants [50]. However, the deformation by {332} 

<113> twining becomes more and more difficult as the alloying content increases and is practically 

suppressed by the precipitation of a phase [1]. In this case, the deformation by dislocation slip occurs. The 

slip systems in metastable b-Ti alloys with BCC structure include {110}, {112} and {123}, all with the same 

<111> direction which is a close-packed direction. And there are totally 48 slip systems. The influence of 



Charter 1 

12 

different deformation modes on mechanical properties can be summarized as follows: deformation by {332} 

<113> twining leads to low yield strength, large uniform elongation, and high rate of work hardening; while 

deformation through dislocation slip leads to high yield strength, and small elongation in comparison [47]. 

The formation of isothermal w phase by aging has a drastic change in the mechanical properties of 

metastable b-Ti alloys. There is an increase in the yield strength and a sharp decrease in the ductility. The 

w-induced embrittlement has been studied by many previous works [51-53]. It is considered that the w 

particles get sheared due to the passage of fairly large number of dislocations through them during 

deformation. The hardening by w particles can be explained in terms of the high stress required for shearing 

these particles. The shearing of w particles leads to the formation of slip bands in the metastable b-Ti alloys 

which contain a dense precipitation of w particles. A set of dislocations glide along a particular slip plane 

and cut through a few w particles, creating a softened channel. These channels slip can occur without much 

hindrance. Hence when slipping occurs, the plastic flow is confined within a limited number of slip bands. 

The crack nucleation occurs at the points where the slip bands meet either themselves or a grain boundary. 

Local deformation is pronounced in the narrow slip bands and high stress concentration favors crack 

propagation even at low macroscopic plastic strains. 

Most metastable b-Ti alloys used in structural applications consist of two phase mixtures of a and b 

phase. A good combination of tensile strength and ductility can be obtained in metastable b-Ti alloys by 

controlling the precipitation of a phase. As mentioned above, the volume fraction, particle size, distribution 

and morphology of a phase are important microstructural parameters should be taken into account when 

modify the microstructures to improve the mechanical performance [22-24]. The precipitation of a phase in 

the b matrix is not coherent and thus can impede the motion of dislocations, leading to a strengthening of the 

material. Therefore, from the viewpoint of precipitation/dispersion hardening mechanism, a high volume 

fraction and a fine particle size of a phase are required to get a high strength [54]. The growth rate of a 

phase can be retarded by selecting an aging temperature as low as possible or by increasing the nucleation 

sites for a phase. In addition, a homogeneous distribution of a phase is necessary to avoid strain location 

during deformation in the areas not be hardened, which can result in a premature rupture. Homogeneous 

precipitation of a phase can be enhanced by controlling a high density of dislocations which are preferential 

nucleation sites for a phase or by using two-step aging treatment [55]. The morphology of a phase has 

almost no influence on the tensile strength but has a great influence on the ductility. It is reported that the 

equiaxed primary Ŭ phase could provide a higher ductility at a given strength level [22, 23, 56]. 

Continuous and thick grain boundary a phase must be avoided because it can act as preferential crack 

nucleation site and facilitate the propagation of cracks, which subsequently lead to a loss of the ductility 

[57-59]. The effective method to reduce the continuity and thickness of grain boundary a phase is grain 

refinement of b matrix [55, 60]. Also, due to the tendency for a phase to precipitate preferentially at grain 

boundaries when the b phase stability is too high, the stability should be properly adjusted to the required 

characteristics [55]. 
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Among all these microstructural modifications, controlling a high density of dislocations is considered 

to be the most effective for obtaining homogeneous dispersed fine a phase which is desirable for attaining 

good combination of strength and ductility. An effective method to introduce a high density of dislocations is 

severe plastic deformation. 

 

1.2 Severe plastic deformation 

1.2.1 Definition of SPD 

A formal definition of severe plastic deformation (SPD) states that SPD processing refers to any method 

of metal forming under an extensive hydrostatic pressure that may be used to impose a very high strain on a 

bulk solid and having the ability to produce exceptional grain refinement [61]. The way in which the initial 

sample shape is retained in SPD processing is by using special tool geometries which prevent the free flow 

of material and thereby produce a significant hydrostatic pressure; the plastic deformation under these 

conditions leads to a high density of lattice dislocations and consequent grain refinement. Different from the 

traditional cold working methods, SPD processing techniques should meet some requirements which are 

listed as follows [62]: 

(1) Large plastic deformation (with true stains larger than 10) can be provided just by changing the 

fundamental parameters in the processing. 

(2) Bulk ultrafine-grained (UFG) materials can be obtained. The generally-accepted definition of bulk UFG 

materials: bulk materials having fairly homogeneous deformed microstructure within the whole volume 

(with average grain sizes less than ~1 ɛm) and with a majority of boundaries having large angles of 

misorientations. 

(3) The deformed samples should not have any mechanical damages and cracks, although samples are 

exposed to large plastic deformation. 

 

1.2.2 Grain refinement mechanism by SPD 

SPD can refine the grains by a combination of several different mechanisms, including the dislocation 

glide, accumulation, interaction, annihilation, tangling and spatial rearrangement [63-65]. In addition, 

deformation twinning can also play a significant role for the materials with medium or low stacking fault 

energies, especially in the nano-grain size range [65]. Detailed microstructural evolution may vary with the 

nature of the materials as well as the deformation mode, strain rate and temperature. Hansen and co-workers 

[63] have done extensive work on the grain refinement mechanism during rolling with strains less than 100%. 

Their general observations can also be applied to other deformation modes [64]. In FCC materials with 

coarse grains, each grain can be divided into many subgrains during plastic deformation [63]. Large 

subgrains may further be divided into smaller subgrains with increasing the strains, and the misorientation 

between subgrains may increase to form low angle and high angle (>15°) grain boundaries. Although each 

subgrain deforms under less than five slip systems, a group of adjacent subgrains acts collectively to fulfill 

the Taylor criterion for maintaining uniform deformation. Usually, each subgrain can be subdivided into 
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dislocation cells. Lu et al. also systematically studied the formation of nanostructures under surface 

mechanical attrition treatment (SMAT) [65, 66]. It is found that the subgrains become elongated and their 

width becomes more and more smaller with increasing the plastic strain. When the width of the subgrains 

equals to the dislocation-cell size, lamellar subgrains containing a string of dislocation cells form. The 

misorientations across cell boundaries increase with further plastic strain, transforming dislocation cells into 

subgrains. The equiaxed subgrains further be divided into smaller dislocation cells, which, in turn, convert 

into smaller subgrains as well as nano-grains with increasing strain. Grain rotation may play a significant 

role in the formation of the nano-grains with high-angle boundaries. In addition, some authors relate them to 

in-situ recrystallization [67], their origin is most commonly placed in the formation or fragmentation of a 

dislocation cell structure whose size scale decreases as the stress rises during SPD processing [68-70]. 

 

1.2.3 SPD techniques 

The most developed and significant SPD techniques are Equal-Channel Angular Pressing (ECAP), 

High-pressure Torsion (HPT), and Accumulative Rolling Bonding (ARB). Aside from the ones mentioned 

above, some other SPD techniques have been proposed in the last decades, including Multi-Directional 

Forging (MDF), Cyclic Extrusion and Compression (CEC), Twist Extrusion (TE), Repetitive Corrugation 

and Straightening (RCS), and others. In this section, ECAP and ARB will be introduced and discussed 

briefly. As the HPT processing is the SPD technique that utilized e in the present research, it will be 

discussed in a more detailed manner later. 

 

1.2.3.1 Equal-Channel Angular Pressing (ECAP) 

At present, ECAP is the most popular SPD processing technique and has been used for grain refinement 

in various metals and alloys. ECAP is a technique which processes a metallic billet through a simple shear 

[71]. The deformation principle of ECAP is shown schematically in Fig. 1.10. A billet is pressed through the 

special die in which the angle of intersection of two channels is F. The most used die angle is 90°. A shear 

stress is introduced as the billet passes through the point of intersection between two channels, and it can be 

expressed as [72]: 
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    (Eqn 1.4) 

in which Y is the angle representing the outer arc of curvature where the two parts of the channels intersect 

(indicated in Fig. 1.10); N is the number of pass through the die. Each pass imposes an equivalent strain of 

around 1 for the 90o die. Since the cross-sectional dimensions of the billet remain unchanged after ECAP, the 

same billet can be processed repeatedly to impose exceptionally high strain, consequently achieving desired 

bilk nanostructured materials. Generally, by rotating the billet about its longitudinal axis between each pass, 

different slip systems may be introduced. And this leads to several processing routes: the orientation of a 

billet is not changed at each pass (route A); the orientation of a billet is rotated around its longitudinal axis 
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through the angle 90° after each pass (route B); the orientation of a billet is rotated around its longitudinal 

axis through the angle 180° after each pass (route C). 

 

Fig. 1.10 The schematic principle of ECAP [61]. 

 

By ECAP processing, the ultrafine-grained microstructure can be obtained [62]. The grain refinement 

during ECAP is associated with some dislocation substructural characteristics, such as dislocation cells, 

subgrains and microbands, that are established during the first one or two passes [73, 74] and their 

transformation to ultrafine grains with further increasing the strain [75, 76]. 

 

1.2.3.2 Accumulative Rolling Bonding (ARB) 

The technique of ARB uses conventional rolling deformation, realizing ultrahigh plastic strains in sheet 

materials for producing ultrafine-grained materials. Fig.1.11 illustrates the deformation principle of the ARB 

processing. A sheet is rolled by 50% reduction in thickness by a pre-rolling condition. Then the rolled sheet 

is cut into two pieces and stacked together to reform the initial dimensions. To achieve good bonding, the 

contact surfaces of the sheets are typically treated by degreasing and wire brushing. And then the stacking 

pieces are rolled again. The rolling in the ARB processing is a bonding process, which is known as roll 

bonding used for the production of clad sheets. Roll bonding is sometimes carried out at elevated 

temperatures, below the recrystallization temperature of the material in order to make the bonding better and 

to reduce the rolling force. By repeating the procedure, ultrahigh plastic strain can be applied on the sheet 

material without changing the dimensions. A natural limit of this approach lies in the increase in strength 

with increasing the ARB cycles and the gradually reduced surface quality of the roll-bonded sheets. During 

the ARB processing, the von Mises equivalent strain can be estimated by the following equation [61]: 

neq 8.0=e     (Eqn. 1.5) 

when 50% reduction in thickness per cycle is used. Here, n is the number of repeated ARB cycles. In this 

case, an equivalent strain of 4 can be achieved by five ARB cycles. 
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Fig. 1.11 Schematic illustration of the deformation principle of ARB processing [61]. 

 

1.3 High-pressure torsion (HPT) 

HPT refers to a processing in which a thin disk sample is subjected to torsional straining under a high 

hydrostatic pressure [61]. The processing of metals by HPT has a long history dating back to the classic work 

by P.W. Bridgman at Harvard University in the 1930s [77]. Nevertheless, it is only within the last two 

decades that HPT processing has become a major research tool. This is mainly due to its ability to achieve a 

combination of exceptional grain refinement and a high density of dislocations [61, 78]. Typically, the grain 

sizes produced by HPT deformation are within the nanoscale range of about 50-100 nm. 

 

Fig. 1.12 Schematic illustration of the principle of HPT processing [79]. 

 

The schematic illustration of the principle of HPT processing is shown in Fig. 1.12. The disk sample is 

usually with a diameter of 10 or 20 mm and a thickness of 0.85 mm. This disk sample is placed between two 



Charter 1 

17 

massive anvils, and it is held in place within a depression machined into the face of each anvil. During HPT 

processing, the disk sample is subjected to a high applied compressive pressure, P, which is usually up to 

several GPa. And the rotation of the lower anvil can introduce concurrent torsional straining. This type of 

HPT processing shown in Fig. 1.10 is designated quasi-constrained because there is some limited outward 

flow of the material around the periphery of the disk during the processing operation. 

For HPT processing, the most potential limitation is that it uses the disk samples with relatively small 

dimensions. Recently, attempts are under way to expend the application of HPT processing to cylindrical 

samples with large height [80]. But the maximum practical volume of the processed parts is limited by the 

incurrence of large microstructural inhomogeneities within the vertical sections of these cylinders. The disk 

samples with larger diameters [81] or the ring-shaped samples [82] are also tried for HPT processing. The 

relatively small size of the sample limits the application of HPT processing in industry. But HPT processing 

is very useful for fundamental studies in laboratories, as it can provide the chance for obtaining 

ultrafine-grained materials, including the relatively brittle or high-strength materials which cannot be 

processed by other SPD methods. 

 

1.3.1 Accumulated strain by HPT 

The accumulated straining imposed on the disk sample by HPT processing can be estimated by using 

the parameters indicated in Fig. 1.13. For an infinitely small rotation, dq, and the displacement, dl is given by 

qrddl=     (Eqn. 1.6)  

where the r is the radius of the disk sample. The incremental shear strain, dg, is given by 

t
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t
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d

q
g ==     (Eqn. 1.7) 

where t is the disk thickness. 

By further assuming that the thickness of the disk sample is independent of the rotation angle, q, it 

follows from formal integration that, since q = 2pN, the shear strain, g, is given by  
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         (Eqn. 1.8) 

where N is the number of rotation. Finally, the von Mises equivalent strain is then calculated using the 

relationship shown as follows [84-86]: 
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Fig. 1.13 Parameters used in estimating the total strain during HPT processing [83]. 

 

There are two remarks are true in respect to the equation 1.8. Firstly, the initial thickness of the sample 

is reduced under high compression pressure during HPT deformation, so the traditional use of the initial 

thickness of the sample, t, underrates the calculated strain values as compared to the true ones. Secondly, 

calculations by this equation have led to the conclusion that the shear strain should change linely from zero 

in the center of the disk sample to the maximum value on the edge. However, this is not confirmed by 

experiments. In addition, because HPT processing imposes a strain that is directly proportional to the radial 

distance from the rotation axis, there should be a significant strain inhomogeneity across the disk. In practice, 

however, HPT experiments demonstrated that the microstructure gradually evolves with increasing strain, so 

that, ultimately, the structure becomes reasonably homogeneous throughout the disk [80]. This development 

of homogeneity has been successfully modeled using strain gradient plasticity and incorporating a 

microstructure-related constitutive description of the material behavior. 

 

1.3.2 Application of HPT on Ti and its alloys 

HPT processing has been used successfully for investigating the phase transformation during the heavy 

deformation as well as the evolution of microstructure and mechanical properties concerning various pure 

metals and alloys. Some research on Ti and its alloys that processed by HPT are also reported. Todaka et al. 

reported that HPT processing could lead to the formation of submicron w phase in pure Ti [87]. Valiev et al. 

reported that the application of HPT processing on CP Ti at room temperature resulted in the grain 

refinement with an average grain size of around 120 nm, the ultimate strength of 980 MPa and elongation to 

fracture of 12% [88]. Islamgaliev et al. observed that the ultimate strength of CP Ti was up to 1600 MPa 

while the ductility was around 5% as a result of isothermal HPT processing at 300 oC [89]. The a+b type 

Ti-6Al-4V alloy that processed by HPT exhibited ultrafine grains with the size of 100-200 nm, outstanding 

room temperature strength of 1.5 GPa and superplastic elongation of up to 500 % [90]. For b-type Ti alloys, 

a significant grain size effect on the reversible b to w phase transformation in a Ti-36Nb-2.2Ta-3.7Zr-0.3O 

alloy during HPT processing was reported [91]. The decomposition of the w phase to b phase was also 
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reported in Ti-15Mo alloy [92]. Farjami et al. reported that the significant grain refinement in 

Ti-30Nb-10Ta-5Zr alloy and Ti-15Mo alloy was achieved by HPT processing [93]. These HPT processed 

ɓ-type Ti alloys showed an ultrafine grain size of about 50 nm and a marked increase in the hardness. In 

addition, Xu et al. reported the formation of ultrafine equiaxed a phase in HPT processed Ti-20Mo alloy 

upon isothermal aging [40]. However, there is limited analysis on the precipitation behavior of a phase in 

HPT processed b-type Ti alloy. More detailed studies needs to be carried out. 

 

1.4 Materials (Ti -5553 alloy) 

Ti-5Al-5Mo-5V-3Cr (Ti-5553) alloy was developed as an improved version of the Russian alloy VT22 

(Ti-5.7Al-5.1V-4.8Mo-1Cr-1Fe). This alloy was initially produced for thick section forgings for high strength 

airframe components like landing gear and flap tracks [5, 94]. Ti-5553 alloy exhibits more favorable 

combinations of strength, ductility and toughness than the VT22. 

Compared with Ti-1023 alloy, Ti-5553 alloy also exhibits some advantages. Firstly, Ti-5553 alloy has a 

wider processing window compared with Ti-1023 alloy. The processing is simple for Ti-5553 alloy and is all 

a/b worked. For Ti-1023 alloy, the primary forging is performed above the b transus, which is followed by 

about 15% a/b forging to achieve the right balance between strength, ductility and toughness. Secondly, 

Ti-5553 alloy has a much better hardenability than Ti-1023 alloy. Ti-5553 alloy can be heat treated in a 

section size up to 152 mm accompanied with only a slight drop in properties at the thicker section size by air 

cooling, whereas Ti-1023 alloy requires a water quenching and the section size is limited to 76 mm. This is 

mostly due to the more sluggish precipitation of a phase in Ti-5553 alloy because of the addition of Mo and 

Cr alloying elements. Finally, Ti-5553 alloy can be heat treated to a higher strength, with a minimum tensile 

strength of 1240 MPa as opposed to the 1192 MPa for Ti-1023 alloy. 

Compared with the most commonly used a+b type Ti-6Al-4V (Ti-64) alloy, Ti-5553 alloy can exhibit 

higher strength, as summarized in Fig. 1.14. In addition, Ti-5553 alloy also exhibits outstanding high-cycle 

fatigue property compared with Ti-64 alloy, as shown in Fig. 1.15. 

 

Fig. 1.14 Ultimate tensile strength and elongation of Ti-5553 alloy compared with Ti-64 alloy [24, 95-98]. 
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Fig. 1.15 High-cycle fatigue property of Ti-5553 alloy compared with Ti-64 alloy [99]. 

 

Ti-5553 alloy is capable of achieving strength up to 1517 MPa, although it is not typically used at this 

strength level. The application of Ti-5553 alloy in aerospace industry can be divided into two groups, 

including the high-strength version and low-strength version. The Ti-5553 alloy in high-strength version has 

a minimum tensile strength of 1240 MPa, a minimum elongation of 5%, and a minimum fracture toughness 

of 33 MPa m1/2. This kind of Ti-5553 alloy is salted as bill-of-material for landing gear components on the 

Boeing 787. The Ti-5553 alloy in low-strength version has a minimum tensile strength of 1100 MPa and a 

minimum fracture toughness of 77 MPa m1/2. This kind of Ti-5553 alloy is being studied for applications in 

the nacelles, fuselage and wing [5]. 

The mechanical properties of Ti-5553 alloy are very sensitive to the microstructure and can vary over a 

wide range depending on the microstructure. As shown in Fig. 1.14, a variety of ultimate tensile strength and 

elongation can be obtained for Ti-5553 alloy. Fig. 1.16 shows two typical microstructures in Ti-5553 alloy, 

which correspond to very different mechanical properties. Fig. 1.16(a) shows the microstructure in Ti-5553 

alloy which is solution treated at 910 oC for 0.42 ks, then fast cooled to 540 oC and aged for 14.4 ks, and 

finally fast cooled to room temperature. In this kind of microstructure, the volume fraction of a phase is 

40.1% and the thickness of a phase is 0.06 mm. And the corresponding ultimate tensile strength is 1302 MPa, 

along with an elongation of 6.6%. Fig. 1.16(b) shows the microstructure in Ti-5553 alloy which is solution 

treated at 910 oC for 0.9 ks, then fast cooled to 675 oC and aged for 57.6 ks, and finally fast cooled to room 

temperature. In this kind of microstructure, the volume fraction of a phase is 35.9% and the thickness of a 

phase is 0.38 mm. And the corresponding ultimate tensile strength is 972 MPa, along with an elongation of 

11%.  



Charter 1 

21 

  

Fig. 1.16 The microstructure in Ti-5553 alloy: (a) solution treated at 910 oC for 0.42 ks, then fast cooled to 

540 oC and aged for 14.4 ks, and finally fast cooled to room temperature (the red dotted lines show no grain 

boundary a), and (b) solution treated at 910 oC for 0.9 ks, then fast cooled to 675 oC and aged for 57.6 ks, 

and finally fast cooled to room temperature [96]. 

 

As a newly developed alloy, the current issue for Ti-5553 alloy is that the microstructure-mechanical 

properties relationship is limited studied. Therefore, to improve the mechanical properties, more detailed 

investigations are required to develop a deep fundamental understanding of the microstructural evolution and 

the corresponding mechanical properties. 

 

1.5 Motivation  

It has been known that HPT processing on Ti and its alloys van result in ultrafine-grained microstructure. 

According to the grain refinement mechanism, a high density of dislocations can also be produced. In the 

present research, HPT processing was applied on b-type Ti-5553 alloy: 

(1) To investigate the evolution of microstructure and mechanical properties after HPT processing with 

different strains. 

(2) To investigate the precipitation behavior of a phase in the HPT processed samples upon isothermal 

aging, and compared with that in the samples without HPT processing. 

(3) To investigate the mechanical properties of the samples with different processing and heat treatments. 

Confirm the microstructure-mechanical properties relationship in Ti-5553 alloy. 
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Chapter 2 Microstructure and mechanical properties of Ti-5553 alloy 

processed by high-pressure torsion 

 

 

 

 

 

2.1 Introduction  

Metastable b-Ti alloys have great potentials as structural materials due to their good formability at room 

temperature, high strength-to-density ratio, excellent age hardenability and good corrosion resistance [1-3]. 

In the past two decades, the metastable b-Ti alloys are increasingly used in aerospace industry. For example, 

Ti-5Al-5Mo-5V-3Cr (mass%, Ti5553) alloy, which is a newly developed metastable b-Ti alloy, is being used 

for landing gear components on Boeing 787 [4]. The required high-level mechanical properties of metastable 

b-Ti alloys depend on several strengthening mechanisms, including the solid solution strengthening, 

precipitation strengthening (such as precipitation of w phase and a phase), grain refinement strengthening 

and dislocation strengthening [5]. 

In recent years, severe plastic deformation (SPD) by high-pressure torsion (HPT) processing has 

attracted much attention. The advantage of HPT processing is that a combination of exceptional grain 

refinement (< 100 nm) and high density of dislocations can be produced by the large shear strain [6]. 

Previous studies on the microstructure and mechanical properties of commercially pure titanium (CP Ti) and 

a+b Ti alloys processed by HPT were reported. Valiev et al. reported that the application of HPT processing 

at room temperature resulted in the grain refinement of CP Ti with a mean grain size of around 120 nm, the 

ultimate tensile strength of 980 MPa and elongation to fracture of 12% [7]. Islamgaliev et al. observed that 

as a result of isothermal HPT processing at 300 oC the ultimate tensile strength of CP Ti was up to 1600 MPa 

while the ductility was around 5% [8]. Ti-6Al-4V alloy processed by HPT exhibited ultrafine grains of 

100-200 nm, outstanding room temperature tensile strength of 1.5 GPa and superplastic elongation of up to 

500 % [9]. Meanwhile, there are few reports on the microstructure and mechanical properties of b-Ti alloys 

that processed by HPT. 

The motivation of the present study is to investigate the evolution of the microstructure and mechanical 

properties of Ti-5553 alloy processed by HPT with different shear strainings. 

 

2.2 Experimental procedures 

2.2.1 Materials preparation 

An ingot of Ti-5553 alloy was prepared by cold crucible levitation melting (CCLM) furnace. The size of 

the ingot was about 70 mm in diameter and 60 mm in length and the weight is around 1.2 kg. CCLM furnace 
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is a type of induction melting furnace which is very useful for preparing alloys with a uniform composition. 

The schematic illustration of CCLM furnace is shown in Fig. 2.1. The oxygen-free and high-purity copper 

segments are used to make the water-cooled crucible. There are two coils (upper and lower coils) wrapping 

around the crucible and connecting separately to a high frequency inverter power supply. High frequency 

current flows through the coils. Eddy currents are induced in the crucible and in the metals to be melted. The 

metals in the crucible are levitated with electromagnetic repulsion forces. The eddy currents generate joule 

heat in the crucible and metals, and the metals can be melted. There are three advantages of CCLM furnace, 

showing as follows: 

(1) Metals are melted without contamination because metals are levitated in a crucible. 

(2) Metals with a high melting point can also be melted. 

(3) The strong stirring effect by an electromagnetic force enables an alloy of uniform composition. 

 

 

Fig. 2.1 Schematic illustration of CCLM furnace [10]. 

 

Fig. 2.2 shows a schematic drawing of the heat treatment of Ti-5553 alloy. The ingot was homogenized 

at 1200 oC for 3.6 ks, hot forged at 1200 oC in to a 40 mm square block and then hot rolled into a 17 mm 

square bar, followed by air cooling. Then the bar was wrapped by a Mo foil and treated at 1200 oC for 10.8 

ks, followed by water quenching. All the heat treatments were carried out in air. After grinding the oxide 

layer on the surface, the bar was cold swaged to the diameter of 10 mm. Then the chemical composition of 

the Ti-5553 bar was measured, which is shown as Ti-5.04Al-5.14Mo-4.91V-3.04Cr (mass%). The 

bar was solution treated (ST) above the b transus temperature, which is 856 oC, at 1000 oC for 3.6 ks. The 

solution treatment was performed in an Ar atmosphere and followed by water quenching. The disks for HPT 

processing were sliced from the bar with a thickness of 0.85 mm. HPT processing was carried out under a 

compressive pressure of 5 GPa and a rotation speed of 0.2 rpm. And the rotation number of HPT processing 
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(N) was ranging from 1/2 to 20. 

 

Fig. 2.2 Schematic drawing of the heat treatment of Ti-5553 alloy. 

 

2.2.2 Materials characterization 

Planar samples were mechanically ground down to roughly the median plane and polished to mirror 

surface for X-ray diffraction (XRD) characterization performing on a RIGAKU RINT-TTR3 diffractometer 

with Cu-KŬ radiation (40 kV, 150 mA). The microstructural characterization was carried out using optical 

microscopy (OM), scanning electron microscopy (SEM, JSM-7001F), transmission electron microscopy 

(TEM, JEM-2100F, 200 kV) and low-angle annular dark field scanning transmission electron microscopy 

(LAADF-STEM, Tecnai G2 F30, 300 kV). OM and SEM observations (backscattered electron (BSE) 

images) were carried out on the cross-section of the sample, and samples were prepared by conventional 

mechanical grinding and polishing. Samples for OM observations were etched by a mixture of HNO3: HF: 

H2O = 8:2:90 in volume percent. Disk samples for TEM analysis and LAADF-STEM analysis were cut from 

the median plane and polished by double-jet electropolishing at a temperature of -45 oC in the solution of the 

following compositions: 6%HClO4, 30%C4H10O and 64%CH3OH in volume. 

    Vickers microhardness measurements were carried out with an applied load of 0.98 N for 15 seconds 

along the radius of the disks on the cross-section. And the hardness was measured on the position 1/4 and 1/2 

of the thickness, which is about the surface region and the central region, respectively. The schematic 

illustration of microhardness measurements on the cross-section is shown in Fig. 2.3. 

 

Fig. 2.3 Schematic illustration of Vickers microhardness on the cross-section. 

 

The miniature tensile specimens with a gauge section of 4 mm x 1 mm x 0.6 mm, as shown in Fig. 2.4, 
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were cut by electron discharge machine (EDM) from the disks so that the center of the gauge section locates 

at the position 1.5 mm away from the disk center. The tensile specimens were electrochemical polished to 

make sure a smooth surface. The tensile tests were carried out at room temperature with a strain rate of 2 x 

10-3 s-1 and the strain was monitored by video-extensometer with 3 mm resolution. 

 

Fig. 2.4 Specimen for tensile-testing (the gauge size is 4 mm x 1mm x 0.6 mm). 

 

2.3 Results and discussion 

2.3.1 Microstructural evolution 

XRD profiles of the Ti-5553 samples after ST and HPT processing with different revolutions are shown 

in Fig. 2.5(a). The peaks of b phase are indicated in the XRD profiles. In comparison with the ST samples, 

the HPT processed samples exhibit a marked decrease in the peak intensity. The main peak corresponds to 

the one for b{110} after HPT processing. Fig. 2.5(b) shows the change in the {211}/{110} diffraction 

intensity ratio (I211/I110) with increasing the revolutions of HPT processing. The I211/I110 value is 1.03 for the 

ST sample and shows a significant decrease after HPT processing. The relatively intensity of the main 

reflection peaks in an XRD patterns indicates the presence of texture introduced by the shear strain during 

HPT processing. The texture obtained by the shear strain during HPT processing is {110}. As reported by 

Hosokawa et al. [11] that the {110} texture introduced by HPT processing in the pure iron with BCC 

structure is parallel to the disc plane. Indeed, several researchers have also reported that the shear 

deformation texture is composed of {110}<112> and {110}<001> in ferritic steels with BCC crystal 

structure [12, 13]. In addition, peak broadening can be seen in HPT processed samples, as shown in Fig. 

2.5(c), indicating significant grain refinement and an increase in the density of defects such as dislocations. 



Chapter 2 

31 

 

    

Fig. 2.5 (a) XRD patterns of Ti-5553 alloy after ST and HPT processing, (b) Change in the {211}/{110} 

diffraction intensity ratio (I211/I110) with increasing HPT turns, and (c) Change in the full width at half 

maximum (FWHM) with increasing HPT turns. 

 

The OM observations on the etched cross-section of the Ti-5553 samples after ST and HPT processing 

with different revolutions are shown in Fig. 2.6. Coarse ɓ phase with an average grain size of around 220 mm 

can be seen in the sample subjected to ST. After HPT processing, the microstructure on the cross-section 

exhibits different structures in the middle region and near the both sides of the surface. The microstructure in 

the middle region consists of a white band structure aligned into radial direction, which is called as white 

etching layer (WEL). The formation of the WEL is considered to be due to their high resistance to etching. 
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The OM observations also indicate that the WEL starts to form on the head region of the cross-section (as 

shown by the microstructure of the Ti-5553 sample subjected to HPT of 1/2 revolution) and then expands to 

the center region of the cross-section with increasing the HPT revolutions. It is clearly that the thickness of 

the WEL increases with increasing the HPT revolutions. After HPT processing of 10 or 20 revolutions, the 

WEL microstructure is the most dominant on the cross-section, implying a very homogeneous deformation. 

 

Fig. 2.6 Optical micrographs on the cross-section of Ti-5553 alloy after ST and HPT processing. 

 

Details of the microstructures were further studied by backscatter electron SEM observation on the 

cross-section of the sample subjected to HPT processing of 10 revolutions, as shown in Fig. 2.7. Fig. 2.7(a) 

shows the SEM image contains the microstructure outside (upper region) and inside (lower region) the WEL. 

The microstructure outside the WEL shows numerous shear bands passing through the ɓ grains. The shear 

bands show a bright contrast and the ɓ grains show a dark contrast. The microstructure inside the WEL is 

uniform and featureless, showing a bright contrast. The enlarged views on the microstructure outside and 

inside the WEL are shown in Fig. 2.7(b) and (c), respectively. It is clearly that the deformation inside the 

WEL is more intense and homogeneous. And it is considered that the coalescing and the accumulation of the 


